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Abstract

The X-ray absorption spectroscopy is a unique tool for direct local structure

determination which is suitable for any material starting from bulk crystals

ending with nanomaterials, liquids and gasses.

In this study we have applied the extended x-ray absorption fine structure

(EXAFS) spectroscopy to probe the atomic structure of nanocrystalline

NiO, CoWO4, CuWO4 and PbS. We have compared the atomic structure

of these nanomaterials with that of the corresponding bulk compounds, in

order to identify the atomic structure relaxation (changes in atomic struc-

ture) caused by a reduction of the particle size down to nanoscale.

We have adopted a recently developed complex modeling approach, combin-

ing ab initio multiple-scattering EXAFS calculations with classical molec-

ular dynamics (MD), further referenced as MD-EXAFS, to the nanomate-

rials. The advantage of the MD-EXAFS method is a significant reduction

of a number of free model parameters, which are required to describe the

structure and dynamics of nanoobjects. Thus, a set of the parameters is

restricted to that related to the geometry of the nanoobject and to the force-

field model utilized in the MD simulations. The novel approach has been

tested on NiO nanoparticles and thin films. The obtained results allowed

us to identify the amount and the role of the Ni vacancies in the structure

relaxation of NiO.
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6.17 Comparison of the experimental (solid lines) and configuration-averaged

(dashed lines) Ni K-edge EXAFS spectra χ(k)k2 and their Fourier trans-

forms (FTs) for nano-NiO and TF3. The theoretical data correspond

to the nanoparticle models which give the best fit to the experimen-

tal spectra (nano-NiO: N=9 corresponding to L ≈3.6 nm, Cvac=0.4%

corresponding to 12 vacancies, ZNi=+1.976, ZO=–1.968; tf-NiO: N=4

corresponding to L ≈1.5 nm, Cvac=1.6% corresponding to 4 vacancies,

ZNi=+1.925, ZO=–1.895). . . . . . . . . . . . . . . . . . . . . . . . . . 67

6.18 Crystal structure of CoWO4. Red balls represent oxygen atoms, green

balls - tungsten atoms, and blue balls - cobalt atoms. Co and W atoms

are surrounded by six oxygen atoms, forming distorted octahedral co-

ordination. Metal–oxygen octahedra of one type share edges and form

zig-zag chains along the c-axis. Metal–oxygen octahedra of different type

share single oxygen atom. . . . . . . . . . . . . . . . . . . . . . . . . . . 73

xvii



LIST OF FIGURES

6.19 X-ray diffraction (XRD) patterns of microcrystaline and nanoscale CuWO4

and CoWO4. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 75

6.20 Left panel: Raman scattering spectra of microcrystaline and nanocrys-

taline MeWO4 (Me = Co, Ni, Cu, Zn) powders. The position of the

main band at 955 cm−1 in nanosized tungstates is indicated by dashed

vertical line. Measurements were performed at 20◦C. Right panel: the

dependence of the main Raman band for microcrystaline MeWO4 from

the type of the Me atom. . . . . . . . . . . . . . . . . . . . . . . . . . . 76

6.21 The experimental W L3 and Co(Cu) K edge EXAFS spectra χ(k)k2 and

their Fourier transforms for microcrystalline and nanocrystaline CoWO4

and CuWO4 at T = 300 K. Both modulus and imaginary parts of FTs are

shown. Note that the positions of the FT peaks in Fig. 6.21 are shifted

from their true crystallographic values because the FTs were calculated

without phase-shift corrections. . . . . . . . . . . . . . . . . . . . . . . 78

6.22 The experimental W L3 and Co(Cu) K edge EXAFS spectra χ(k)k2 and

their Fourier transforms for microcrystalline and nanocrystaline CuWO4

at T = 10 K and 300 K. The range of the first coordination shell is

indicated by arrows in FTs. . . . . . . . . . . . . . . . . . . . . . . . . 79

6.23 The reconstructed RDFs G(R) for the first coordination shell of tungsten

and transition metals in microcrystalline (solid lines) and nanocrystaline

(dashed lines) MeWO4 (Me = Co, Ni, Cu, Zn). The data for NiWO4

and ZnWO4 are taken from [94, 184]. . . . . . . . . . . . . . . . . . . . 80

6.24 Optical absorption spectrum of nano-PbS. The energy of the first exciton

peak is about 1.63 eV. . . . . . . . . . . . . . . . . . . . . . . . . . . . . 83

6.25 Size dependence of the exciton energy on the diameter of nanosized PbS

according to [195]. Arrows indicate the position of the exciton peak and

the corresponding size for our nano-PbS sample. . . . . . . . . . . . . . 84

6.26 The experimental Pb L3-edge EXAFS spectra χ(k)k2 and their Fourier

transforms (FTs) for c-PbS and nano-PbS at T = 300 K. . . . . . . . . 85

6.27 Experimental (empty circles) and best fitted Pb L3-edge EXAFS spectra

for the first two coordination shells of Pb. Solid line represents signal

from RDF reconstruction and dashed line represents signal using Gaus-

sian approximation. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 87

xviii



LIST OF FIGURES

6.28 Radial distribution function (RDF) reconstruction for c-PbS and nano-

PbS obtained using theoretical phases and amplitudes. Dotted lines show

RDF approximation with the Gaussian shape obtained by the standard

EXAFS fitting procedure for the first two coordination shells. . . . . . 87

xix



LIST OF FIGURES

xx



List of Tables

2.1 Experimental probes of nanoscale structure from [1]. . . . . . . . . . . 12

6.1 Values of the structural parameters for the first two coordination shells

in microcrystalline NiO (c-NiO), NiO nanoparticles (nano-NiO) and NiO

thin films (TF1, TF2, TF3), obtained from the best-fit of the EXAFS

signals within the Gaussian approximation. Ni is the coordination num-
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1

Introduction

1.1 Motivation

Nanomaterials are used in a broad range of applications, for example, in sensors, cat-

alysts, fuel-cells, energy harvesting, nano-electronics, optoelectronic and photonics de-

vices. It was noticed that physical properties of nanomaterials are different compared

with that in the bulk. Since it is well known that most of the properties are determined

by atomic structure, it is important to have an access to precise structural information

for nanomaterials, which is challenging task [1].

Scientists have been studying structure of nanomaterials for more than 40 years.

It was noticed that in metallic nanoparticles the interatomic distances decrease with

decreasing the size of the particle [2, 3, 4, 5]. Such behavior is consistent with the

predictions of the classical physics [6], stating that surface tension should increase

with decreasing of the particle diameter. Thus, increasing surface tension creates more

pressure to the particle volume that leads to the decreasing of the interatomic distances.

At the same time metal oxides and other metal nanomaterials possess opposite

behavior, their interatomic distances increase with decreasing size of nanoparticles [7, 8,

9, 10]. Different mechanisms have been proposed to explain this phenomena [11, 12, 13],

but still the question, why metals and metal compounds show different behavior, is

open.

In this context, the accurate determination of the changes in atomic structure in

nanomaterials is very important. Information about atomic structure allows to vali-

date theoretical models for existing nanomaterials and predict new nanomaterials with

1



1. INTRODUCTION

desired properties.

Different experimental techniques have developed to study nanomaterials [1, 14, 15],

but only two methods, namely total scattering [16, 17] and x-ray absorption spec-

troscopy [18, 19], provide with direct access to the structural information.

The advantage of x-ray absorption spectroscopy is its chemical element selectivity,

sensitivity to low element concentration and scalability down to nanoparticles and even

molecules [20, 21, 22]. It allows to extract information on the local atomic structure

around the absorbing atom including distances and mean-square relative displacements

(MSRD).

1.2 Aim and objectives of the work

The aim of this work was to study changes in atomic structure (structure relaxation)

that happen upon decreasing the size of the materials to nanoscale.

In particular, we have studied structure relaxation in nanocrystalline nickel oxide

(NiO), tungstates (MeWO4, Me = Co, Cu) and lead sulfide (PbS) using extended X-ray

absorption fine structure (EXAFS) experimental data.

In this work we have adopted a recently developed complex modeling approach

[23, 24], combining ab initio EXAFS calculations [22, 25] with classical molecular dy-

namics (MD), further referenced as MD-EXAFS, to the nanomaterials [26, 27]. The ad-

vantage of the MD-EXAFS method is a significant reduction of a number of free model

parameters, which are required to describe the structure and dynamics of nanoobjects

[23, 26]. The only parameters we need are related to the geometry of the nanoobject

and to the force-field model used in the molecular dynamics simulations. All inter-

atomic distances, bond angles, thermal and static disorder effects are obtained from

MD simulations by calculating configuration averages from snapshots of instant atomic

positions.

We have tested MD-EXAFS on nanocrystalline NiO and have reconstructed struc-

tural and dynamic information from experimental Ni K-edge EXAFS spectra up to

the eighth coordination shell of nickel in nanocrystalline NiO taking into account the

presence of defects, thermal disorder and structure relaxation in nanoparticles [26, 27].
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1.3 Scientific novelty of the work

1.3 Scientific novelty of the work

Conventional EXAFS data analysis is restricted by the photoelectron single-scattering

approximation [28], which limits the obtained structural information with only the first

or, in some cases, also the second coordination shell of the absorbing atom. At the same

time, standard fitting procedure, including photoelectron multiple-scattering processes

[29, 30], employs three model parameters (path degeneracy, length and MSRD) for

each scattering path, that results in a huge number of correlated parameters rapidly

exceeding the maximum number of the allowed independent parameters.

Recently developed MD-EXAFS method [23, 24] overcomes these limitations and

allows one to use all information hidden in the EXAFS spectra, including all contribu-

tions from the photoelectron multiple-scattering events. Also the method requires only

few force-field parameters to describe the interatomic interactions in a compound.

We have extended MD-EXAFS method to the case of nanomaterials. It allows us

to account for atomic structure relaxation, thermal disorder, nanoobject size and the

presence of defects. This method enables us direct comparison of experimental EXAFS

spectrum with the model one taking into account all coordination shells of the absorbing

atom and the multiple-scattering effects. The agreement between experimental and

theoretical EXAFS spectra is used as a criterion for the force-field model reliability.

The study of the local atomic structure around nickel atoms in nickel oxide (NiO)

nanocrystalline powder and thin films has been performed using Ni K-edge EXAFS and

interpreted using MD-EXAFS method [26, 31, 32]. It was found that in nanocrystalline

NiO there is noticeable structure relaxation, which results in an expansion of the Ni–Ni

bonds and a contraction of the nearest neighbor Ni–O bonds as well as an increase of

the static disorder probed by the mean-square relative displacement (MSRD). At the

same time, the lattice dynamics, also probed by the MSRD, is close in both micro- and

nanocrystaline NiO in the temperature range from 10 to 300 K. It was shown using the

MD-EXAFS method that the structure relaxation inside NiO nanoparticles is due to

the presence of Ni vacancies [26, 27].

The study of the local atomic structure around tungsten and metal atoms in MeWO4

(Me = Co, Cu) nanoparticles has been performed using the W L3-edge and Me K-edge

EXAFS and Raman spectroscopy. It was found that atomic structure of nanosized

MeWO4 relaxes compared with microcrystalline phase, leading to large and particular

3



1. INTRODUCTION

distortion of the WO6 octahedra. In nanoparticles tungsten atoms have stronger and

shorter bonds with the nearest four oxygen atoms, whereas other two oxygens become

weakly bound. It is also shown that the relaxation is affected by the Me2+ ion type.

Pb L3-edge EXAFS results indicate strong structure relaxation in led sulfide (PbS)

nanoparticles compared to microcrystalline PbS. The analysis of radial distribution

functions (RDF) for Pb–S and Pb–Pb atom pairs revealed that they have non-Gaussian

shape, indicating strong anharmonic Pb–S interaction, average Pb–S distance in the

first coordination shell decreases, but the average Pb–Pb distance in the second coor-

dination shell increases. This effect is similar to that found in NiO.

1.4 Author’s contribution

The majority of the work has been done at the Institute of Solid State Physics, Uni-

versity of Latvia. X-ray absorption spectroscopy measurements were performed at

HASYLAB/DESY (Hamburg, Germany) using synchrotron radiation produced by the

DORIS III storage ring.

The author has been participated in the nanopowder preparation and their charac-

terization by Raman spectroscopy and x-ray diffraction.

The MD-EXAFS implementation for nano-compounds and corresponding computer

code has been developed by the author.

The molecular dynamics simulations, the analysis of the experimental EXAFS data

and the advanced modeling of EXAFS spectra (including MD-EXAFS) have been per-

formed by the author at the Latvian SuperCluster facility LASC [33].

The results of this work have been presented at 8 international conferences and 4

international schools during 2009-2013 and discussed at the scientific seminar at the

Institute of Solid State Physics, University of Latvia on April 20, 2013. Main results

have been published in 6 SCI papers and 3 SCI papers are accepted, but not published

yet.

1.5 Contents of the thesis

The thesis consists of seven chapters.
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1.5 Contents of the thesis

In order to provide context, Chapter 2 is an overview of current situation on the

atomic structure relaxation research in the nanomaterials, giving an insight into the

problem history and existing models for this phenomenon.

Chapter 3 gives a review of the theory of X-ray absorption, which is the main tool

for our structure analysis. Here the description of the EXAFS theory is provided,

including three major implementations for the data analysis: Gaussian approximation,

cumulant approximation and radial distribution function reconstruction.

In Chapter 4 we describe EXAFS data analysis and simulations used to analyze

experimental spectra. In the first part of the chapter we present traditional methods,

including EXAFS data extraction from the X-ray absorption spectra and data analy-

sis using the single-scattering approximation. Next we describe more advanced data

analysis methods, which allow us to go beyond the single-scattering approach. Here we

give details of the MD-EXAFS method implementation for nano-compounds.

In Chapter 5 we describe used samples and their preparation, as well as employed ex-

perimental techniques, including X-ray diffraction, scanning electron microscopy, micro-

Raman spectroscopy and X-ray absorption spectroscopy.

Chapter 6 presents our experimental and modeling results for NiO, PbS and MeWO4

nanomaterials. Here we provide the results of the conventional EXAFS analysis for all

our samples and detailed MD-EXAFS based analysis for NiO samples.

The main conclusions are summarized in Chapter 7.
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2

Atomic structure of

nanomaterials: an overview

Physical properties of nanomaterials are often different from corresponding bulk ma-

terials [34, 35] due to changes in atomic structure (structure relaxation) originated by

a reduction of the nanoparticle size [14]. In this chapter we will give an insight into

available information about character of the structure relaxation in nanoobjects and

existing models of this phenomenon.

The most common feature of all nanosized objects is large surface-to-volume ratio

[34]. One could expect that with a decrease of the size, the surface tension increases

and creates a positive pressure to the nanoparticle that results in a reduction of the

inter-atomic distances [6].

2.1 Metals, metal oxides and other compounds

Inline with these predictions [6], a decrease of interatomic distances is observed in

fine metallic particles, such as silver [2], copper, platinum [3] and gold [4, 5], upon a

reduction of their size (see Fig. 2.1).

For some time palladium was considered as a metal with anomalous behavior, since

its lattice parameter expands upon decreasing the nanoparticle size [36, 37]. This fact

has created many questions and cannot be explained in the frame of the common

approach for all metals. However, more careful studies by R. Lamber et al. [38]

revealed that pure Pd obeys normal rule for metals: its lattice parameter decreases
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Figure 2.1: Lattice parameter dependence on nanoparticle diameter D for gold nanoclus-

ters [4] (upper panel) and BaTiO3 [39] (lower panel). As one can see, oxides have different

behaviour compared with metals.
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2.1 Metals, metal oxides and other compounds

upon decreasing size of palladium clusters. Authors in [38] explain the dilation of the

Pd lattice, observed in other studies [36, 37], in terms of incorporation of impurities,

e.g. oxygen, hydrogen, carbon, or pseudomorphism in case of crystalline substrates.

Thus, currently available information suggests that in all pure metals lattice parameter

decreases upon decreasing nanoparticle size.

A size-dependent lattice dilatation was also found in silver nanoparticles (3.9 and

5.1 nm mean size) embedded in a silicate glass matrix by high-resolution electron

microscopy and EXAFS spectroscopy by M. Dubiel et al. [40]. The effect was found to

be related to a size-dependent increase of the thermal expansion coefficient, evidenced

from the temperature dependence of the Ag-Ag distances [40]. Therefore, the unusual

dilation behaviour was interpretation by a combination of both the particle size effects

and the influence of the surrounding glass matrix [40].

In contrast to metals, some materials show opposite behavior, their lattice constant

expands upon a decrease of the nanoparticle size. Such materials include most of metal

oxides including complex oxides, for example: MgO [7], BaTiO3 [9] (see Fig. 2.1). The

same applies to other metal compounds, like TiC [8].

P. Ayyub et al. [10] studied a wide range of materials, such as Fe2O3, Al2O3,

ZrO2 and BaTiO3, La1.85Sr0.15CuO4, YBa2Cu3O7−δ, Bi2Sr2CaCu2O8+γ , and proposed

a general rule: in a majority of partially covalent oxides, the unit-cell volume increases

with a decrease of particle size, and the lattice gets distorted in such a way that the

crystal symmetry tends to increase. In some cases the lattice distortion is large enough

to induce a phase transition to a more symmetric lattice, but in most cases, there is

simple size-induced reduction in an asymmetry parameter. Note that such behaviour

affects many physical properties, especially phase transition temperature and other

cooperative effects, such as magnetism, ferroelectricity and superconductivity.

This general rule was confirmed by x-ray diffraction (XRD) studies of copper oxide

by V. R. Palkar et al. [41].

S. Tsunekawa et al. [42] observed similar behavior in XRD and transmission electron

microscope (TEM) studies of BaTiO3 nanoparticles, where the lattice constant increases

for particles with the diameter less than 110 nm, reaching 2.5% for particles with

the diameter about 15 nm. The critical size of these nanoparticles, below which the

particle structure changes from the tetragonal to the cubic phase and the ferroelectric

polarization is canceled, was determined to be 80 nm [11].
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2. ATOMIC STRUCTURE OF NANOMATERIALS: AN OVERVIEW

Other studies, done by T. C. Huang et al. [39], confirm that upon decreasing particle

size from 140 nm to 30 nm, the tetragonality of BaTiO3 nanoparticles is reduced and

the unit-cell volume expands. Note that this phenomemon is responsible for reducing

giant LO–TO splitting of phonon modes in BaTiO3, because the Born effective charges

are not influenced by a change of structure or size.

Lattice expansion upon size reduction was also observed by TEM in CeO2−x nanopar-

ticles, having a size of 2−8 nm [11].

Studies of CaWO4 nanocrystals revealed similar common trend: a lattice expansion

and increased symmetry of structural units with a reduction of physical dimension [43].

Lattice volume increases monotonically with particle size reduction, while the axial

ratio of c/a decreases from 2.169 to 2.154, tending to c/a=2 for an ideal structure

of scheelite phase with equal cation coordination. As a surprise, the same trend of

increasing symmetry (decreasing c/a axis ratio) was observed in bulk CaWO4 under

high pressure when the unit cell volume contracts [44].

Using x-ray diffraction G. Li et al. [13] have found similar behavior in rutile TiO2

nanocrystals. With a reduction in the physical dimensions, rutile TiO2 nanocrystals

show a linear lattice expansion.

Only metal compound, which does not obey common rule, is TiN, where the lattice

constant decreases upon decreasing nanoparticle size [45].

At the same time, there is no unique explanation of possible mechanisms responsible

for the unit cell volume expansion in metal oxides upon decreasing the size of the

nanoparticles. Basically three mechanisms have been proposed.

The first mechanism was introduced by Tsunekawa et al. [11, 42] based on the X-ray

photoelectron spectroscopy (XPS) studies of BaTiO3 and CeO2−x nanoparticles. Au-

thors proposed that the lattice constant change in oxide (ionic) nanoparticles originates

from a variation in nominal ionic valences. The reduction of the valence induces an

increase in the lattice constant due to a decrease in electrostatic forces, but an increase

in the valence does not always lead to lattice shrinkage. Nanoparticles with the increase

in ionicity or nominal valence may show either expansion or shrinkage, depending on

the structure of the large clusters [11].

The second mechanism was proposed by G. Li et al. [13]: they have studied rutile

TiO2 nanocrystals using XRD and XPS techniques. Upon reduction of the physical

dimensions, rutile TiO2 nanocrystals show a linear lattice expansion and an anomalous

10



2.2 State of the art in the atomic structure analysis of nanoobjects

covalency enhancement in apparent contradiction to the ionicity increase in BaTiO3

and CuO nanocrystals as reported by S. Tsunekawa et al. [11] and V. R. Palkar et al.

[41]. A surface defect dipole model is proposed to explain these physical phenomena in

terms of the strong interactions among the surface dipoles that produce an increased

negative pressure. The covalency enhancement is interpreted according to the critical

properties of the elongated Ti–O bond lengths in the expanded lattice [13].

The third mechanism proposed by M. Fukuhara [12] suggests that an expansion of

the lattice upon decreasing of the size of MgO, α-Fe2O3 and TiC nanoparticles is due to

the screening effect of electrons coming from the the outer s and p shells. These electrons

originate on the nanoparticle surface, because of the large number of the broken bonds

present there, and they screen the Coulomb potential [12]. The proportion of atoms

on the surface increases upon a decrease of the nanoparticle size, leading to stronger

Coulomb potential screening and, thus, weakening of interatomic bonds that results in

an expansion of the lattice constant. This scenario has been proposed to all nanoscale

particles, including MnF2, CeO2−x and BaTiO3 [12].

Thus, a careful studies of nanoparticles and other nanosized objects are required.

Most probably there is no single rule, but there are some trends, and each individual

case should be studied carefully avoiding experimental errors as much as possible.

2.2 State of the art in the atomic structure analysis of

nanoobjects

As we have seen, a key requirement for understanding and control of nanomaterial

properties is the knowledge of its atomic structure, whose determination is a challenging

task, called ”nanostructure problem” [1].

Atomic structure can be resolved relatively easy for the crystals, where robust and

quantitative methods exist including x-ray diffraction (XRD) [46]. The challenge is to

reconstruct the phase information from the intensity data, because in XRD measure-

ments one collects amplitude and do not know the phase of the signal. This problem is

resolved by solving a large set of nonlinear equations with unknown phases and atomic

coordinates, known Bragg peak positions and intensities. Since in crystals one usu-

ally has much more Bragg peaks than a number of unknown parameters, the structure

problem can be solved [46].
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Table 2.1: Experimental probes of nanoscale structure from [1].

Probe Direct (D) or Probes whole sample (B) or

indirect (I) method a small part of it (L)

Total scattering / PDF D B

EXAFS D B

XANES I B

Raman spectroscopy I B

NMR/Mössbauer/µSR I B

TEM/electron diffraction D L

Atom probe tomography D L

STM/AFM I L

Unfortunately this is not a case for nanoobjects where instead of the sharp Bragg

peaks one observes broad and continuous intensity distribution that is not suitable for

conventional (Rietvield method based) crystallographic structure determination. One

has too few data to solve the structure of nanoobject from the X-ray scattering data

[1].

Different experimental techniques have been developed to study nanomaterials [1,

14, 15] (see Table 2.1), but only two methods, namely total scattering [16] and x-ray

absorption spectroscopy [18, 19], provide with direct access to the structural informa-

tion for the whole sample. Other methods (like Raman spectroscopy) either provide

indirect information about the structure, or give very local information about the single

particle or small part of the sample (like TEM).

In this study we have used x-ray absorption spectroscopy as the main method

to determine atomic structure of nanoobjects from the extended x-ray absorption fine

structure (EXAFS). We believe that this technique is well adapted to the nanostructure

problem and contains very rich structural information. Brief insight on the EXAFS

theory and data analysis will be given in the next chapters (3 and 4).
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3

X-ray absorption spectroscopy

3.1 Basics of X-ray absorption

X-ray interaction with matter (Fig. 3.1) can be separated into two processes: elastic

or coherent (Thomson) scattering, which conserve the kinetic energy of the incident

photons, and inelastic or incoherent scattering, when the kinetic energy of the incident

photons is not conserved (Compton scattering, electron-positron pair production and

photoexcitation of electrons) [47].

We will be interested in the latter process, namely photoexcitation of electrons,

which causes the absorption of x-rays. In this process x-ray photon excites electron of

the core shell (for example, 1s (K-edge) or 2s, 2p (L-edges)) and creates an excited state

with a hole in the inner shell, excited electron and all other electrons being relaxed in

the presence of the core hole. The life time of the excited state is very short (10−15-

10−18 s), and it decays to the ground state through the emitting x-ray photon or Auger

photoelectron [22].

The x-ray absorption coefficient µ(E) is defined by the Beer-Lambert law as:

µ(E) =
1

d
ln(

I0
I
), (3.1)

where E is the x-ray photon energy, d is the thickness of a sample, I0 and I are incident

and transmitted x-ray beam intensities, respectively.

X-ray absorption spectrum is measured as a function of x-ray energy and has three

main features seen in Fig. 3.2. The absorption coefficient decreases with increasing of

the x-ray energy before the absorption edge, next, it increases sharply at the edge, and,

finally, it is modulated by the oscillating fine structure above the edge.
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Figure 3.1: Photon absorption cross-section components and total attenuation for Ni

atom (on the left) and W atom (on the right). K is the absorption edge due to the electron

transitions from the core 1s level, L is the absorption edge for 2s and 2p levels, and M is

that for 3s, 3p, 3d levels [48].

The energy of the absorption edge is specific to each element and each electronic

shell of this element [22]. This allows one to use x-ray absorption spectroscopy to

identify particular chemical element and its electronic properties. The oscillating part

is unique fingerprint of the local environment (electronic and structural) around the

absorbing atom, sensitive to the positions of the surrounding atoms and valence state

of the absorbing atom and its electronic environment. For this reason x-ray absorption

spectroscopy is local probe of various materials, including, crystals, glasses, liquids and

even gasses.

The extended x-ray absorption fine structure (EXAFS) signal χ(E) is defined as

the normalized, oscillatory part of the x-ray absorption coefficient (µ) above absorption

edge [22, 28]

χ(E) =
µ(E)− µ0(E)− µb(E)

µ0(E)
(3.2)
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Figure 3.2: (Upper panel) The experimental x-ray absorption spectrum (µ) at the Ni K-

edge in microcrystalline NiO. (Lower panel) Ni K-edge EXAFS spectrum χ(k)k2 extracted

from the experimental absorption coefficient shown in the upper panel.
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3. X-RAY ABSORPTION SPECTROSCOPY

where µb(E) is the background absorption coming from electrons of the outer shells,

and µ0(E) is the atomic-like contribution, i.e., an absorption by the atom in the absence

of surrounding atoms.

From quantum mechanics we know that the absorption coefficient is proportional

to the photoexcitation transition rate which is given by the Fermi’s Golden Rule. In

the one-electron and dipole approximations it is given as [49]

µ ∝
∑

f

|〈ψf |~p · ~A(r)|ψi〉|2δ(Ef − Ei − ~ω) (3.3)

where ψi is the wave function of initial state, ψf is the wave function of final state,

Ef = Ei + ~ω is the energy conservation condition, ~p · ~A(r) is the x-ray absorption

transition operator, ~p is the momentum operator, and ~A(r) is the vector potential of

the incident electromagnetic field.

Within the multiple-scattering (MS) theory [22, 50] Eq. 3.3 can be rewritten using

the Green function formalism as

µ ∝ 1

π
Im〈ψi|~p · ~A(r′)G(r, r′, E)~p · ~A(r)|ψi〉θ(E − EF ) (3.4)

where G(r, r′, E) is the full one electron propagator, describing the propagation of the

excited photoelectron from point r to point r′, and θ(E − EF ) is a broadened step

function at the Fermi energy EF . The Green function can be determined from the

solution of the Dyson equation, which is one-particle Schrödinger equation [22, 51]:

(∇2 + E − Uc(~r)− ΣXC(E; ρ(~r)))G(~r,~r′, E) = δ(~r − ~r′) (3.5)

where Uc(~r) is the final state Coulomb potential felt by the photoelectron, and ΣXC(E; ρ(~r))

is ”self energy”, which is equivalent of the exchange-correlation potential.

The Green function G of an excited photoelectron with the energy E can be ex-

pressed as a contribution from the absorbing atom (atomic-like absorption) GC and

perturbation created by the neighboring atoms treated as a scatterers of the photoelec-

tron GSC [22, 50]

G = GC +GSC , (3.6)

GC = G0 +G0tcG
0, (3.7)

GSC = G0tG0 +G0tG0tG0 +G0tG0tG0tG0 + ..., (3.8)
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3.2 Gaussian approximation

where G0 is the free particle Green function describing propagation of the photoelectron

between two points in space, t is the scattering matrix describing scattering of the

photoelectron from a single atom. G0 can be expressed in form of the spherical wave

G0(~r,~r′, E) = − 1

4π

eik|~r−~r′|

|~r − ~r′| , (3.9)

k =
√

(2me/~2)(E − EF ), (3.10)

where k is the photoelectron wave number,me is the electron mass, and ~ is the Plank’s

constant).

Eq. 3.8 is called the multiple-scattering series and describes the contribution of the

neighboring atoms to the total absorption. The first term corresponds to the single-

scattering processes, where only atom pairs consisting of the absorbing atom and one

neighboring atom are involved. The second term corresponds to the double-scattering

processes, in which two neighboring atoms are involved. Further terms correspond to

the triple and higher order scattering processes. Each term in Eq. 3.8 can be written

as a sum over every path of the corresponding order [22, 50]

GSC =
∑

i 6=0

GctiGc +
∑

i,j 6=0;i 6=j

GctiG
0
i,jtjGc + ..., (3.11)

where Gc is the propagator between the absorbing and neighboring atom i, and G0
i,j is

the propagator between atoms i and j.

3.2 Gaussian approximation

The presence of thermal (dynamic) or structural (static) disorder in real materials

modifies the scattering path geometry and, thus, should be included into the formalism.

Since the life time of the x-ray absorption process (10−15-10−18 s) is much smaller

than the characteristic life time of thermal vibrations (10−13-10−14 s), one needs to

average over all atomic configurations, contributing into the measured experimentally

absorption coefficient.

In the case of weak disorder, one can assume Gaussian distribution of the atomic

coordinates, and applying small atom approximation, i.e., assuming atoms as point

scatterers, one gets [22, 52]

〈ei2k
∑

i

(~ui − ~ui+1) · ~Ri,i+1〉 = e−2k2σ2

, (3.12)
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Figure 3.3: The mean free path λ(E) of photoelectron depending on the energy for the

Ni K-edge including the core-hole effect. Γcore−hole is the core-hole broadening parameter

[22].

where ~ui is a displacement from the equilibrium position of the atom at site i, and σ2

is the mean-square fluctuation of the corresponding path length, i.e., the mean-square

relative displacement (MSRD).

In this case the EXAFS signal can be written as [22]

χ(k) = S2
o

∑

j

NjF
eff
j (k)

kR2
j

sin[2kRj + φeffj (k)]e−2k2σ2

j e−2Rj/λ(k), (3.13)

where S2
o includes multielectron effects leading to the amplitude damping, Nj is the

degeneracy of the path j, back scattering amplitude F eff
j (k) includes the effects of the

scattering amplitudes of each atom in a path j as well as the scattering angles, φeffj (k)

is the phase shift for path j including its angular dependencies, Rj is the half length

of the scattering path, σ2j is the mean-square fluctuation of the corresponding path

length, and λ(k) is the mean free path (MFP) of the photoelectron. The MFP is shown

in Fig. 3.3 for the Ni K-edge, including the core-hole effect.

In the so-called single-scattering approximation, only scattering paths involving two

atoms (the absorber and the scatterer) are considered and the meaning of the param-

eters in Eq. 3.13 becomes more simple. The degeneracy of the single-scattering path
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3.2 Gaussian approximation

corresponds to the coordination number, i.e., the number of atoms in the corresponding

shell. The half path length is equal to the interatomic distance between the absorber

and the scatterer. Finally, σ2 is a variation of the corresponding interatomic distance

or the mean-square relative displacement (MSRD) [22]

σ2R = 〈[(~uR − ~u0) · ~R]2〉 = 〈(~uR · ~R)2〉+ 〈(~u0 · ~R)2〉 − 2〈(~uR · ~R)(~u0 · ~R)〉, (3.14)

where 〈(~uR · ~R)(~u0 · ~R)〉 is the displacement-displacement correlation function for the

absorbing atom at site ~0 and the scattering atom at site ~R, and 〈(~uR · ~R)2〉 is the

mean-square displacement of the atom at site ~R from its equilibrium position.

Thus, Eq. 3.13 connects the EXAFS signal χ(k) with the local structure parameters

around the absorbing atom (Nj , Rj , σ
2
j ). However, to extract this structural informa-

tion, one should know the values of the back scattering amplitudes F eff
j (k) and phase

shifts φeffj (k). These values can be calculated by ab initio programs, like FEFF [25]

(which got its name from F eff
j ) or, as we will see later, in some cases extracted from

the experimental data of the reference compound.

The EXAFS spectroscopy is element sensitive method, because it gives information

on the local structure only around particular type of the atom, absorbing x-rays. This

gives unique information, for example, in case of the complex oxides like CuWO4, where

we can study the local environments of Cu and W atoms separately and independently,

or for doped materials like ZnO:Al, where we can study the local structure of Zn and

Al. This is unique feature of the EXAFS, compared with other structure determination

methods, like x-ray or neutron diffraction.

It is important to understand that EXAFS gives relative to the absorbing atom

values of interatomic distances and MSRD. As it has been already stated above, the

EXAFS process takes very short time (10−15 to 10−18 s) compared with the characteris-

tic lattice vibration time scale (about 10−13-10−14 s). Therefore we can treat all atoms

as ”frozen” during single photoabsorption event, and EXAFS measures a distribution

of instantaneous interatomic distances. This fact is very important to understand when

comparing data obtained by EXAFS with that from X-ray, neutron or electron diffrac-

tion. In EXAFS we measure the averaged length of scattering paths (or interatomic

distances in the single-scattering approximation) and the MSRD values, not the dis-

tances between the equilibrium positions of atoms and the means squared displacements

(MSD) of atoms from their equilibrium positions as in diffraction experiments.
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3. X-RAY ABSORPTION SPECTROSCOPY

Another important point is that EXAFS is not limited to bulk crystals, the signal

depends only on the amount of the absorbing atoms and senses their local neighborhood.

This means, it is suitable for crystals, glasses, nanosized objects like nanoparticles,

nanowires, thin films, liquids and gasses.

3.3 Cumulant approximation

Equation 3.13 does not take into account any anharmonic effects, since it is based on the

assumption that atoms have Gaussian distribution of their coordinates, which is true

in the harmonic approximation. When the anharmonic contributions are significant,

one can use the cumulant approximation [52, 53, 54]

〈ei2k(r −R)〉 = exp
∞
∑

n=0

(2ik)n

n!
Cn, (3.15)

where Cn is the nth cumulant.

In this casse one can rewrite the conventional EXAFS formula in the form where

additionally to σ2 (≡ C2) we have even moments, but odd moments contribute to the

EXAFS phase [52]

χ(k) =

shells
∑

j

NjFj(k)e
−2k2σ2

j+
2

3
C4jk

4− 4

45
C6jk

6

kR2
j

e−2Ri/λ(k)

× sin[2kRj −
4

3
C3jk

3 − 4

15
C5jk

5 + φj(k,Rj)]. (3.16)

For weak disorder only first cumulants (C0, C1 and C2) are significant and Gaussian

approximation works fine. When the Debye temperature is approached, then anhar-

monic effects cannot be neglected. When temperature increases further, higher order

cumulants become important.

3.4 Radial distribution function reconstruction

In the general case EXAFS signal can be written in terms of the distribution functions

[55]

χ(k) =

∫

4πR2ρ0g2(R)(χ
oio
2 (k) + χoioio

4 (k) + ...)dR
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3.4 Radial distribution function reconstruction

+

∫ ∫ ∫

8π2R2
1R

2
2sin(θ)ρ

2
0g3(R1, R2, θ)(2χ

oijo
3 (k) + 2χoiojo

4 (k)

+χoijio
4 (k) + χojijo

4 (k) + ...)dR1dR2dθ + ..., (3.17)

where ρ0 is the average density of a system, χm(k) are the multiple-scattering EXAFS

signals of the (m− 1) order generated from the group of atoms (o, i, j, k, ...) described

by gn.

If we consider only single-scattering contribution from the single coordination shell

containing only one type of atoms and which is well separated from other shells, then

we can simplify this expression (Eq. 3.17) by taking into account only the first integral.

One can also define the radial distribution function (RDF) G(R)

G(R) = 4πR2ρ0g2(R), (3.18)

which corresponds to the number of atoms in the region between R and R+dR around

the absorbing atom. Note also that RDF G(R) must be smooth and positive function,

but can have an arbitrary shape. The average number of atoms N in the region between

Rmin to Rmax is determined as

N =

∫ Rmax

Rmin

G(R)dR. (3.19)

As a result, one obtains for the EXAFS signal from a single shell [55]

χ(k,G(R)) =

∫ Rmax

Rmin

G(R)

kR2
f(k,R) sin[2kR + φ(k,R)]dR. (3.20)

An invertion of Eq. 3.20 allows one to find RDF G(R), which will give the best fit to

the experimental EXAFS signal. Mathematical methods, how to solve this ill-posed

problem are described in [56].

The limitations of this method are the single-scattering approximation and its ap-

plicability to coordination shells containing only one type of atoms.

This approach is especially suitable in cases where the cumulant expansion of the

EXAFS signal, described before, does not converge, typical example is highly disordered

materials like glasses, low-symmetry systems, materials where even the first coordina-

tion shell has very large distortion.
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4

EXAFS data analysis and

simulations

4.1 Extraction of EXAFS data

EXAFS spectra extraction is well described in the review article [28]. In this work

it was performed by the EDA software package [56], freely available on the web site

http://www.dragon.lv/eda/. Here we give short description of this procedure.

To obtain structural information from X-ray absorption spectrum (Fig. 4.1), one

needs first to extract the oscillatory part - the EXAFS. We will use the standard

procedure for extracting EXAFS signal χ(k) from the absorption coefficient µexp(E),

which is described in [28] and implemented in EXAFS Data Analysis software package

EDA [56].

The first step is to subtract the background contribution µb(E), obtained by ap-

proximation of the pre-edge signal with the modified Victoreen polynomial

µb(E) = A+B/E3. (4.1)

The µb(E) is extrapolated to the whole range of the spectrum and subtracted from the

experimental signal µexp(E)

µ1(E) = µexp(E)− µb(E). (4.2)

The next step is to find and subtract atomic-like contribution µ0(E). This is an

important step, because inaccuracies in µ0(E) lead to a distortion of the χ(k) signal.

In order to increase the accuracy in EDA software this step is done in three iterations.
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Figure 4.1: Example of the EXAFS extraction procedure for the Ni K-edge in NiO. See

text for details.

At the first iteration, µ0(E) is approximated by a polynomial µI0(E) of power m1

and subtracted from the signal

µI(E) = µ1(E)− µI0(E). (4.3)

At this stage the µI(E) is converted into k-space and multiplied by a factor kn, where

n = 1, 2, 3 and k is the photoelectron wave vector (Eg. 3.10).

At the second iteration zero line function µII0 (k) is approximated by another poly-

nomial of power m2 and µII(k) is obtained

µII(k) = µI(k)− µII0 (k). (4.4)

The goal of this step is to eliminate distortion of χ(k) especially those in high k values

region, which are enlarged after multiplication by the factor kn. The goal is to find

µII(k) which is oscillating around zero within all range of k.

At the third iteration, µ0(k) is fine tuned using the cubic-smoothing-spline

µIII0 (k) =
∑

i

(aik
3 + bik

2 + cik + di), (4.5)
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4.2 Conventional EXAFS analysis in the single-scattering approximation

and µIII(k) is obtained as

µIII(k) = µII(k)− µIII0 (k), (4.6)

where i corresponds to i-th experimental point. Coefficients (ai, bi, ci, di) are selected

to guarantee continuous first and second derivatives of µIII0 (k), and the sum over the

all data points of [µII(k) − µIII0 (k)]2 should be equal to the smoothing parameter s

entered by the user. The smoothing parameter value is varied in order to eliminate

from the signal low frequency components but not distorting EXAFS oscillations.

At the end of this procedure the experimental EXAFS signal χ(k) is calculated as

χ(k) =
µ(k)− µ0(k)− µb(k)

µ0(k)
(4.7)

where µ0(k) = µI0+µ
II
0 +µIII0 . Thus extracted EXAFS signal is used in further analysis.

4.2 Conventional EXAFS analysis in the single-scattering

approximation

Conventional approach to the analysis of EXAFS within the single-scattering approxi-

mation is well described in the review article [28]. In this work it was performed using

the EDA software package [56].

The single-scattering approximation is always valid for the analysis of the first

coordination shell around the absorbing atom because the first shell radius is smaller

than the half of any other scattering path length. However, the approximation can be

sometimes reliably employed also for the outer shells, if the multiple-scattering effects

there give negligible contribution. Therefore before starting any analysis one needs to

find those coordination shells, where the single-scattering approximation can be used.

We did theoretical calculations of the EXAFS spectra for all model compounds using

FEFF8 code [25]. In the case of the Ni K-edge in NiO, having cubic rock-salt type

structure [57], the single-scattering approach can be used for the first two coordination

shells of the absorbing Ni atom as it can be seen in Fig. 4.2. Here the multiple-scattering

effects become important above ∼ 3 Å.

The next step is to filter the experimental EXAFS signal leaving those coordination

shells which contain only single-scattering contributions. This is done by applying

Fourier filtering procedure, i.e., by calculating direct (FT (R)) and inverse (BFT (R))
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Figure 4.2: Theoretical Ni K-edge EXAFS spectra for NiO calculated with all multiple-

scattering (MS) and only single-scattering (SS) contributions. Contirubtions from the first

seven coordination shells are indicated by arrows in lower panel. As one can see from the

Fourier transform (FT) of the EXAFS spectra, the multiple-scattering contributions do

not contribute into the first and second coordination shell of Ni atoms. The calculations

were performed without accounting for thermal damping (all MSRD parameters σ2=0)

and setting S2
o=1.
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4.2 Conventional EXAFS analysis in the single-scattering approximation

Fourier transforms (FT) of the EXAFS signal within required intervals in k- and R

space

FT (R) =

√

2

π

∫ kmax

kmin

χ(k)knW (k) exp(−2ikR)dk (4.8)

BFT (k) =
1

knW (k)

√

2

π

∫ Rmax

Rmin

FT (R) exp(2ikR)dR (4.9)

where kmin, kmax and Rmin, Rmax denote, respectively, the ranges of the direct and

inverse FT; W (k) is a window function [56]. For example, in the case of NiO the first

two coordination shells contribute in the R-space interval from 1 to 3 Å, as follows from

the results of our FEFF simulations (Fig. 4.2).

When EXAFS signal from a single shell is isolated, one can apply Gaussian, cumu-

lant or RDF reconstruction methods (described in previous chapter) to find the local

atomic structure around the absorbing atom.

Let us first concentrate on the Gaussian and cumulant models, which are the most

popular. The cumulant model is more general, because if one neglects all cumulants of

the order 3 and higher, then Eq. 3.16 tranforms into the Gaussian model (Eq. 3.13).

In order to find structural parameters Ni, Ri, σ
2
i , C3i, C4i, C5i and C6i in Eq. 3.16, one

must know the values of the amplitude Fi(k,Ri) and phase φi(k,Ri) functions, which

can be obtained using one of two methods.

The first method allows one to extract these functions from the experimental EX-

AFS signal of the reference compound which has local environment around absorbing

atom close to that of the studied material. The extraction procedure is similar to

previously described Fourier filtering procedure, except that performing back-Fourier

transformation one calculates separately amplitude and phase of the EXAFS signal

AMPLITUDE(k) =
√

ℑ(BFT (k))2 +ℜ(BFT (k))2, (4.10)

PHASE(k) = arctan (ℑ(BFT (k))/ℜ(BFT (k))), (4.11)

which are next normalized to the known values of Nref and Rref for the reference

compound. Note that here ℑ and ℜ denote the imaginary and real parts of a function,

respectively.

Thus extracted amplitude and phase functions can be used in the EXAFS analysis

to find structural parameter values for other compounds having the same absorbing

and scattering atoms as in the reference. Note that in this case one obtains the values
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of MSRD ∆σ2i , which are relative to the value of the reference compound. Also the

precision of interatomic distance Ri depends on how precise is known Rref for the

reference, which means, that strictly speaking we should consider ∆Ri = Ri − Rref .

The same applies to the coordination number Ni.

It is good to use low temperature EXAFS spectrum as a reference, because the

EXAFS oscillations are the strongest at low temperatures due to reduced damping

caused by the thermal motion of atoms. Also the use of the reference allows one to

exclude the term S2
o exp(−2Ri/λ(k)) from consideration since it is assumed to be the

same as in the reference compound and is included into the amplitude function.

For example, we used microcrystalline NiO at low temperature (T = 6 K) as a

reference sample, to study properties of NiO thin films and nanoparticles. The same

reference amplitude and phase were also used to study properties of microcrystalline

NiO at higher temperatures up to 300 K.

The second method is based on the use of the amplitude Fi(k,Ri) and phase

φi(k,Ri) functions obtained theoretically. Here we employed FEFF8 code [25] which

uses complex exchange correlation Hedin-Lundqvist potential, and, thus, allows one to

take into account the contribution of the inelastic scattering processes determining the

mean free path of the photoelectron λ(k). Therefore in our calculations using Eq. 3.13

we assume that the term exp(−2Ri/λ(k)) = 1. Also the obtained value of Ni is actually

N eff
i = NiS

2
o , because it is impossible to separate these two quantities (Ni and S

2
o).

When the amplitude Fi(k,Ri) and phase φi(k,Ri) functions are available for de-

sired shells, the conventional fitting procedure can be applied to obtain the values of

structural parameters Ni, Ri, σ
2
i as well as C3i, C4i, C5i, C6i, if needed. Note that

according to the Nyquist-Shannon sampling theorem [58, 59] the maximum number of

free parameters Nexp in a model

Nexp =
2∆k∆R

π
+ 2 (4.12)

is determined by ∆k and ∆R intervals in k and R space used in the simulations.

In the radial distribution function (RDF) reconstruction procedure [56, 60], instead

of using a set of structural parameters, one vary the shape of the RDF G(R), which

should be a positive and smooth function. The theoretical amplitude Fi(k,Ri) and

phase φi(k,Ri) functions were used in this case. Such method is very useful when

Gaussian or cumulant methods do not converge due to strong anharmonicity or disorder
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of corresponding coordination shell, for example in glasses, amorphous materials or

liquids [60, 61].

4.3 Advanced methods for EXAFS data analysis

Conventional methods of EXAFS data analysis are valid for coordination shells, which

do not contain multiple-scattering contributions. Unfortunately in the most cases this

is applicable only for the first coordination shell. This means that we are analyzing

only small fraction of the information available in the EXAFS spectra.

Therefore the analysis of the full EXAFS spectrum, including contributions from

outer coordination shells, requires more advanced and elaborated approach, because

multiple-scattering (MS) effects become important there [32]. The MS signal contains

valuable contribution from the multi-atom distribution functions, containing informa-

tion not only about their distances, but also information about the bond angles (Eq.

3.17). Note that the multiple-scattering signals have non-linear angular dependence

and are sensitive even to the small variations of the angles [62].

One way to solve this problem is to include in the fitting also multiple-scattering

paths, as it is implemented in FEFF [25] and FEFFIT [29, 30]. But the problem is

that the number of required parameters increases rapidly, since each scattering path,

including MS paths, contains own Ni, Ri, σ
2
i values. Even when some parameters can

be correlated due to the structure symmetry and physical considerations, their number

grows up rapidly upon increasing cluster size contributing into the total EXAFS and

at some cluster radius will become larger than the number of independent data points

(Nexp) in the experimental EXAFS signal according to the Nyquist-Shannon sampling

theorem [58, 59].

In Fig. 4.3 one can see the case of NiO. In ideal cubic NiO crystal the account

of symmetry allows one to reduce significantly the number of unique photoelectron

scattering paths (red squares). As a result, one can extract information up to the sixth

coordination shell around Ni atom. However, in the case of NiO nanoparticles with

defects, the symmetry is broken and one should consider all scattering paths (black

circles), then we are able to perform multiple-scattering analysis only up to the second

coordination shell, which is not very useful, since it can be done also within the Gaussian

single-scattering approximation.
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Figure 4.3: The dependence of the number of scattering paths on the cluster size for NiO.

Note the logarithmic scale on the number of scattering paths axis.

To overcome these problems, there are several advanced methods available for EX-

AFS data analysis, including molecular dynamics, Monte-Carlo, or reverse Monte-Carlo

simulations in combination with EXAFS spectra modeling.

These methods were successfully applied in the past to disordered materials like

glasses [63, 64, 65, 66, 67, 68], solutions [69, 70, 71, 72] and liquids [73, 74].

As a result of these simulations, a set of instant atomic configurations is obtained for

which the configuration-averaged EXAFS spectrum is calculated. This allows including

the dynamic and static disorder effects into ab initio multiple-scattering theory with-

out applying any rough approximation. Thus obtained configuration-averaged EXAFS

spectrum can be directly compared with the experimental one. An advantage of the

reverse Monte-Carlo simulations is that there is, in principle, no need for any starting

model of a compound [75, 76].

In recent years a combination of classical molecular dynamics and ab initio EXAFS

calculations has been successfully applied to solids, including crystals [23, 24, 74, 77,

78, 79, 80, 81, 82, 83]. In the present work (see below) we have extended this method

to nanosized objects.
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4.4 MD-EXAFS approach for bulk crystals and nanoparticles

4.4 MD-EXAFS approach for bulk crystals and nanopar-

ticles

To use the full power of the multiple-scattering EXAFS theory, we employed a recently

developed simulation method [23, 24], combining ab initio multiple-scattering EXAFS

calculations with classical molecular dynamics (MD), further referenced as MD-EXAFS.

This approach allows us to reconstruct the local environment of the absorbing atom,

which contains not only single-scattering, but also multiple-scattering contributions, at

the same time taking into account thermal disorder, structure relaxation and presence

of defects.

Below we will explain an implementation of the MD-EXAFS scheme for nanoparti-

cles in more details (Fig. 4.4).

The advantage of the MD-EXAFS method is a significant reduction of a number

of free model parameters, which are required to describe the structure and dynamics

of nano-objects. Only actual parameters are related to geometry (size and shape) and

force-field model used in molecular dynamics simulations. All interatomic distances,

bond angles, thermal and static disorder effects, and an influence of defects are obtained

from MD simulations by calculating configuration averages from snapshots of instant

atomic positions.

4.4.1 Development of the nanoparticle model

Before starting MD-EXAFS calculations one needs to define a structural model of the

material: specify shape and size, defect (if any) concentration and distribution as well

as the force-field (FF) parameters for the MD simulation.

Starting force-field parameters can be taken from the simulations of the bulk. It is

important that they give realistic structure and properties of the material.

Bulk crystals were simulated in the isothermal–isobaric ensemble (NPT) with con-

stant pressure and temperature using the supercell and 3D periodic boundary condi-

tions. The half of the size of the supercell determines the longest distance from the

absorbing atom which can be analyzed. For example, if we want to analyze coordi-

nation shells up to 6.5 Å, then the supercell dimensions should be larger than 13 Å.

The NPT ensemble was chosen to allow the relaxation of the unit cell volume, not

presuming any predefined value.
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Figure 4.4: The scheme of MD-EXAFS calculations. The goal of the first stage is to

find force-field (FF) parameters which give the mean values of interatomic distances for

the first coordination shells being in agreement with those obtained from the conventional

analysis of the experimental EXAFS spectrum or other structural analysis. Only those

model nanoparticles which give this agreement within the desired precision are passed to the

second step. The goal of the second step is to fine-tune FF parameters in order to minimize

the residual between configuration-averaged multiple-scattering EXAFS spectrum of the

model nanoparticle and experiment. One should find the model nanoparticle which gives

the minimal residual value. After second phase one can use MD data to find all necessary

properties of the selected model nanoparticle.
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4.4 MD-EXAFS approach for bulk crystals and nanoparticles

As we have shown in [31, 32], unfortunately the force-field parameters from the bulk

cannot be directly transferred to nanoobjects. Therefore, in our MD-EXAFS method

we have straightforward mechanism, how to adjust FF parameters using EXAFS spec-

tra.

Nano-objects were simulated in the canonical ensemble (NVT) using appropriate

shape clusters placed in a large enough empty box, which corresponds to the free

nano-object in the vacuum. The size of this box should be big enough, to avoid self-

interaction of the nano-object. In this case NVT ensemble was natural choice, because

we do not want to change the volume of the box.

4.4.2 Details of the MD-EXAFS modeling

As the first step (Fig. 4.4), one needs to perform the MD simulations with the goal to

find the values of the force-field parameters that result in the mean values of interatomic

distances for the nearest coordination shells being in agreement (in our case, within

±0.005 Å) with those obtained from the conventional analysis of the experimental

EXAFS spectrum in the single-scattering approximation or other structural analysis

(e.g. X-ray or neutron diffraction).

To understand a behavior of the model and to increase efficiency of the optimization

procedure, it is important to study how the calculated mean distances in the nearest

coordination shells depend on the force-field parameters.

For example, in the case of NiO, we found that both interatomic distances (R(Ni–

O1) and R(Ni–Ni2)) show linear dependence on the Ni ion charge ZNi (Fig. 4.5). This

result allowed us to save a lot of computing effort, by calculating the value of ZNi,

which provides the desired value of the mean interatomic distance for the first or second

coordination shell, using the linear dependence R(ZNi).

Summing up, the first step of the calculations (Fig. 4.4) is relatively fast screening

procedure to tune the force-field parameters for different model nanoparticles and to

select only those model particles, which have the desired structural parameters (e.g.

distances of the first two coordination shells).

As the second step (Fig. 4.4), the agreement between the configuration-averaged

and experimental EXAFS spectra was used as a goodness of model criterion.

At this step each model particle, selected at the first step, is processed. For every

nanoparticle the configuration-averaged EXAFS spectrum was calculated using a set
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Figure 4.5: The calculated distance R(Ni–O1) between the atoms in the first coordination

shell of NiO model nanoparticle as a function of the Ni ion charge ZNi. Force-field param-

eters used in MD calculations come from [32]. Line represents linear fit of the modeled

data.

of snapshots of instant atomic positions generated by MD simulation. For each MD

snapshot the averaging of EXAFS spectra over all absorbing atoms in the particle

is performed, because in nanoobjects every absorbing atom has different environment

(depending on the distance from the surface and/or defects). In EXAFS calculations we

use full potential of the multiple-scattering theory up to the 8th order and considered

contributions from as many as possible coordination shells around the absorbing atom

(usually this is about 6.5 Å).

Then configuration-averaged EXAFS spectra is calculated by averaging EXAFS

spectra of all snapshots. Such approach allowed us to take into account disorder effects

caused by atomic thermal vibrations and by structure relaxation due to the finite size

of the particle and the presence of defects. A convergence of the configuration-averaged

EXAFS spectrum was controlled by evaluating its variation upon an addition of the

successive MD snapshot. The convergence was achieved when a change of the mean

square difference between two configuration-averaged EXAFS spectra was below 10−4.
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4.4 MD-EXAFS approach for bulk crystals and nanoparticles

This criterion is usually satisfied when one averages over the EXAFS signals from 4000

absorbing atoms. For large enough particles this means that even a single MD snapshot

of the particle is enough to create configuration-average EXAFS spectrum. However,

for smaller particles one needs many MD snapshots in order to collect 4000 signals and

to achieve convergence.

Note that while the force-field parameters were optimized for each model particle

at the first modeling step, FF parameters were additionally tuned around previously

determined values by allowing small value variation in order to achieve the minimal

value of the residual between model and experimental spectra.

At the end of the second step, one obtains optimal values of the force-field param-

eters for each selected model particle, which lead to the minimal residual between the

configuration-averaged and experimental EXAFS spectra. By comparing residual val-

ues for different model particles, one can select the model particle, which provides the

lowest possible residual for the given experimental EXAFS spectrum.

Our modeling procedure allows one to obtain not only the basic structural infor-

mation like average interatomic distances, bond angles, MSRD values, coordination

numbers, pair and many-atom distribution functions, which can be calculated from the

atomic coordinates, but also to determine other properties of the model particle like

phonon frequencies, elastic properties, etc., using the optimized force-field potential

model [84].

4.4.3 Details of the MD and EXAFS calculations

For classical MD simulations we used GULP 3.1 [85] and DLPOLY 4.02 [86] codes,

which are suitable for both bulk and nanosized materials. The integration of Newton’s

equations was performed by the leapfrog Verlet method. In each simulation, the struc-

ture was first equilibrated during 75 ps at 300 K and zero pressure, corresponding to

conditions of the EXAFS experiments, and a set of instantaneous atomic configurations

was accumulated during next 20 ps production run with a time step of 0.5-2.0 fs. Such

time step is equivalent to the largest allowed change of the distance equal to 0.1 Å. The

calculated sets of instantaneous atomic configurations were also used to evaluate the

total and pair distribution functions (PDFs). These PDFs were further decomposed

into a set of Gaussian functions to evaluate the values of coordination numbers CN ,

interatomic distances R and corresponding MSRDs σ2.
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The EXAFS spectra were calculated for each instantaneous atomic configuration

and for all absorber atoms in each of these configurations using the ab initio real-space

multiple-scattering FEFF8 code [50]. The scattering potentials and partial phase shifts

were evaluated only once for the average configuration, thus neglecting a variation of

the scattering potentials due to a disorder [23]. Since we are interested to account

for the contributions from the outer coordination shells, it is important to take into

account the multiple-scattering effects [32]. In our calculations for NiO, we considered

the multiple-scattering contributions up to the eighth order with the half path length

up to 6.5 Å. To reduce the number of scattering paths, they were filtered using the

cut-off criteria (CRITERIA 0.0 1.7) as is implemented in the FEFF8 code [50]. This

means that all paths with the mean amplitude of 1.7% and above of the largest path,

estimated within the plane wave approximation, were kept. The inelastic losses were

taken into account using the complex exchange-correlation Hedin-Lundqvist potential

[22]. The cluster potential was of the muffin-tin (MT) type, and the values of the

MT-radii for NiO were RMT(Ni)=1.319 Å and RMT(O)=1.021 Å.
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5

Experimental

5.1 Sample preparation

Non-stoichiometric Ni1−xO nanoparticle powder (nano-NiO) was produced by the pre-

cipitation method [87], based on a reaction of aqueous solutions of Ni(NO3)2·6H2O and

NaOH, followed by subsequent annealing of the precipitate in air at 250◦C.

Non-stoichiometric nanocrystalline Ni1−xO thin films were produced using reactive

dc-magnetron sputtering of metallic nickel target and were deposited on three substrates

(silicon, glass and polyimide tape). The film deposition was performed at three Ar/O2

ratios equal to 0/100 (TF1), 50/50 (TF2) and 90/10 (TF3). Thus obtained thin films

have dark brown color, suggesting the presence of nickel vacancies [88, 89, 90, 91].

Commercial microcrystalline NiO powder (c-NiO, Aldrich, 99%), having green color,

was used for comparison.

Lead sulfide (nano-PbS) nanoparticles was synthesized using the method described

in [92] and kindly provided to us by Dr. Boriss Polyakov. Microcrystalline PbS was

commercial powder from Aldrich (99.9% trace metals basis).

MeWO4 nanoparticles were synthesized using co-precipitation technique by the re-

action of Co(NO3)2·6H2O or CuSO4·5H2O and Na2WO4·2H2O at room temperature

(20◦C), pH=8 [93, 94]. We used ”as prepared” nanopowders, which were x-ray amor-

phous. Microcrystalline powders were produced by annealing of ”as-prepared” powders

at 800◦C for 4-8 h in air.
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5. EXPERIMENTAL

5.2 X-ray powder diffraction

The crystallinity of samples was characterized by x-ray diffraction (XRD) using PAN-

alytical diffractometer, Model X-Pert Pro MPD. It has high resolution vertical go-

niometer equipped with long fine focus ceramic tube, type PW3373/00, Cu anode,

wavelength λ = 0.154 nm, max. P = 2.2 kW, U = 60 kV and PIXcel wide dynamic

range solid-state detector.

5.3 Scanning electron microscopy

Morphology of the films were characterized by scanning electron microscopy (SEM)

using Carl Zeiss EVO 50 XVP electron microscope. Tungsten cathode was used as a

source of electrons. The accelerating voltage was 25 kV.

5.4 Micro-Raman spectroscopy

Micro-Raman scattering spectra were collected in back-scattering geometry at 20◦C

using a confocal microscope with spectrometer ”Nanofinder-S” (SOLAR TII, Ltd.).

The measurements were performed through Nikon Plan Apo 20× (NA=0.75) optical

objective. DPSS laser (532 nm, 150 mW cw power) was used as the excitation source,

and the Raman scattering spectra were dispersed by 1800 grooves/mm diffraction grat-

ing, having a resolution of about 2.5 cm−1 and mounted in the 520 mm focal length

monochromator. The elastic laser light component was eliminated by the edge filter

(Semrock LP03-532RE). Peltier-cooled back-thinned CCD camera (ProScan HS-101H,

1024x58 pixels) was used as a detector.

5.5 X-ray absorption spectroscopy

X-ray absorption spectra were measured in transmission mode at the HASYLAB/DESY

C bending-magnet beamline [95]. The storage ring DORIS III operated at E =

4.44 GeV and Imax=140 mA. The x-ray radiation was monochromatized by a 40%

detuned Si(111) double-crystal monochromator, and the beam intensity was measured

using two ionization chambers filled with argon and krypton gases.

38



5.5 X-ray absorption spectroscopy

Figure 5.1: Schematic view of the EXAFS experiment at C beamline DORIS III storage

ring. The setup consists of the x-ray source (the storage ring), variable entrance and

exit slits, double-crystal monochromator, three ionization chambers (I1, I2 and I3), beam

stopper. The position of the unknown and reference samples and the optional fluorescence

detector (not used in the present work) are also shown (http://www.hasylab.de).

To achieve the absorption edge jump value ∆µ ≈ 1, the proper amount of the sample

powder was deposited on Millipore nitrocellulose membrane filter and fixed by Scotch

tape, whereas a stack of simultaneously sputtered thin films was used. The relevant

metal foil was used as the reference sample to control monochromator stability.

The Oxford Instruments liquid helium flow cryostat was used to maintain the re-

quired sample temperature, usually 6-300 K. The temperature was stabilized to within

±0.5 degrees during each experiment.
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6

Results and Discussion

6.1 Local structure of microcrystalline and nanosized NiO

Nickel oxide (NiO) is antiferromagnetic material [96, 97] with the Néel temperature

TN = 523 K. It has cubic rock-salt structure (Fm3̄m) above TN, undergoing weak

cubic-to-rhombohedral distortion (R3̄m) below TN due to the magnetostriction effect

[98].

Nickel oxide as a nanomaterial finds a broad range of practical applications including

but not limited to catalysis [99], electrochromic devices [100], gas sensors [101], pressure

sensors [102], resistive and magnetoresistive memory [103, 104], giant magnetoresistive

spin valve structures [105, 106], rechargeable batteries [107], transparent conductors

for solar cells [108], transparent electronics [109], light emitting diodes [110] and fuel

cells [111]. NiO is known to be p-type semiconductor, having an oxygen excess due

to the presence of nickel vacancies [88, 89, 90, 91]. Nickel vacancies are indicated by

Rutherford back scattering measurements [89], by microthermogravimetric techniques

[90, 112], by Hall mobility measurements [88], and by ab initio calculations [91].

Upon size reduction down to nanoscale, the influence of particle surface increases

leading to atomic structure relaxation. An expansion of lattice volume has been found

in nanosized NiO by x-ray diffraction [113, 114, 115, 116] (Fig. 6.1). This phenomenon

is in line with the general behaviour of nanosized metal oxides [7, 11, 12], described in

section 2.1, and in the case of nickel oxide was tentatively explained in [113, 116] by a

negative pressure due to the repulsive interaction of the parallel surface defect dipoles

at small particle sizes. The unit cell volume in NiO nanoparticles becomes equal to that
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Figure 6.1: Dependence of the unit cell volume on the nanoparticle size (data taken from

XRD studies, solid circles from [113], empty circles from [114], empty box from [115], solid

triangles from [116]). Dashed line corresponds to the fitted formula V = V0+A exp(−L/B),

where V is the unit cell volume (in Å3), L is the particle size (in nm), V0 = 72.874 Å3,

A = 3.9419 Å3, B =3.8009 nm.

in the bulk nickel oxide for particle size above about 20 to 30 nm, taking into account

the accuracy of the lattice constant determination in [113, 114, 115, 116].

EXAFS spectroscopy has been used to study nickel oxide for a long time since very

beginning of the EXAFS till now [117, 118, 119, 120]. This continuous interest is caused

by the practical importance of nickel oxide and by a fact that NiO is very convenient

as model material due to its simple crystalline structure and, especially, as a material

with strongly correlated electronic structure.

In many modern devices, like electrochromic cells [100] or giant magnetoresistive

spin valve structures [106], NiO is used in a form of thin film. So it is not surprising

that most of the works covering nanosized NiO have been dedicated to investigation of

NiO thin films.

The in-plane and out-of-plane strains have been evaluated in the epitaxial ultrathin

NiO layers on Ag(001) in [121, 122, 123], where authors showed that nickel oxide films

have the rock-salt structure which is tetragonally strained to match the interatomic

distances of silver substrate.
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6.1 Local structure of microcrystalline and nanosized NiO

A decrease of the first shell average distance R(Ni–O1) by ∼0.02 Å and an increases

of the mean second shell distance R(Ni–Ni2) by ∼0.01-0.02 Å have been observed in

Ni1−xO thin films sputtered on polyimide tape by A. Kuzmin et al. in [124]. Estimated

lattice parameter for thin films (4.20 and 4.21 Å) was in good agreement with data from

X-ray diffraction (4.22 Å), which shows lattice expansion for nanosized nickel oxide

clusters [124]. The average grain sizes of nickel oxide were estimated from the ratio of

coordination numbers to be 2.1±0.3 nm and 3.4±0.3 nm for the thin films sputtered

in mixed argon-oxygen atmosphere with 30% and 100% oxygen content, respectively

[124].

Transparent hydrated Ni1−xVxOy thin films sputtered onto quartz and polyimide

(kapton) have been studied by EXAFS in [125]. Results showed a decrease of the mean

Ni–O distance by ∼0.02 to 0.04 Å, the second shell Ni–Ni distance increase by ∼0.01

to 0.02 Å, and the nanocrystal size estimated from the ratio of coordination numbers

was about 1 nm [125].

Recently, the presence and the role of nickel vacancies have been studied using

EXAFS and XRD in sputtered NiO films by W.L. Jang et al. [126, 127]. By analyzing

a change of coordination number as a function of the annealing temperature, it was

concluded that nickel vacancies, being the dominant point defects, are responsible for

the electrical conductivity of the films [126]. Other finding is that Ni–O distance in a

film annealed at 100◦C is 2.045 Å (being smaller by 0.04 Å than the bulk value), and

it approaches 2.084 Å (nearly equal to that in the bulk material) upon annealing at

higher temperatures, whereas the Ni–Ni distances remain nearly unchanged [126]. A

shortening of Ni–O distance was explained by the presence of Ni3+ ions, having smaller

radius (0.56 Å) than Ni2+ (0.69 Å), in a neighbourhood of the nickel vacancies and

by stronger attractive force between Ni3+ and O2− [126]. At the same time, oxygen

atoms surrounding nickel vacancy are displaced outward from it that may lead to the

lattice expansion [126]. Besides, W.L. Jang et al. proposed that nickel vacancies are

responsible for the thin film decomposition under annealing in vacuum above 400◦C

[127].

At the same time, very few works exist to our knowledge on the EXAFS studies of

NiO nanoparticles.

An elongation of the first shell R(Ni–O1) and second shell R(Ni–Ni2) distances has

been found in ultra fine NiO particles dispersed on activated carbon fibers [128].
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In-situ EXAFS study of the initial crystallization stage of NiO nanoparticles from

the amorphous precursor has been performed in [129].

Finally, the influence of point defects in NiO nanoparticles (having size 9.8, 12.5,

and 17.3 nm) has been studied recently by S. Mandal et al. in relation to their magnetic

properties [130]. Using two EXAFS data collection techniques, namely bulk sensitive

transmission mode and near-surface sensitive conversion electron yield mode, they an-

alyzed coordination numbers in the second coordination shell of nickel corresponding

to the nearest neighboring Ni atoms. Coordination numbers become smaller as the

particle size decreases. Authors proposed that the smallest nanoparticles (9.8 nm)

have the largest nickel vacancy concentration (10.3% detected by near-surface sensitive

technique and 5.2% detected by bulk sesitive technique), claiming that most of the

vacancies are concentrated on the nanoparticle surface [130]. They argue that there

are no signs of the Ni3+ in nickel oxide nanoparticles [130].

As one can see, there is plenty of room in studies of nanosized nickel oxide in order

to clarify the controversial data on the structure and role of nickel vacancies.

6.1.1 XRD studies of NiO nanoparticles and surface morphology of

thin films

The crystallinity of the samples was characterized by x-ray diffraction (XRD) and

morphology of thin films was studied by scanning electron microscopy (SEM) (methods

described in section 5).

According to the XRD data (Fig. 6.2), the structure of all samples correspond to

the NiO having cubic rock-salt crystal structure (Fm3̄m).

Using the Scherrer’s method, and assuming the cubic particles shape, we have found

that the average size of nanoparticles was 6.2±1.8 nm in the nanopowder and 6±1 nm

(TF3), 12±1 nm (TF2) and 17±1 nm (TF1) in the thin films. So the XRD data suggest

that the crystallinity of the films is influenced by the sputtering atmosphere, i.e. Ar/O2

ratio, and the nanocrystallites in the thin film TF3 are smaller than in the nanopowder.

Note that our thin films with larger crystallite size have preferable crystallite ori-

entation (100), but it changes to (110) and (111) upon decreasing the size of the crys-

tallites.

SEM images of Ni1−xO thin films (Fig. 6.3), simultaneously deposited on silicon,

glass and polyimide substrates by dc magnetron sputtering at the gas ratio Ar/O2 =
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Figure 6.2: Left panel: XRD patterns of NiO nanopowder (nano-NiO) and microcrys-

talline NiO (c-NiO). Right panel: XRD patterns of Ni1−xO thin films prepared at three

Ar/O2 gas ratios equal to 0/100 (TF1), 50/50 (TF2) and 90/10 (TF3).

Figure 6.3: SEM images of Ni1−xO thin films with Ar/O2=90/10 simultaneously sput-

tered on (a) silicon, (b) glass and (c) polyimide film.

90/10, reveal that their morphology strongly depends on substrate material. Films

deposited on polyimide tape have the smoothest surface, but those deposited on silicon

have the coarsest surface.

6.1.2 X-ray absorption spectroscopy

The Ni K-edge x-ray absorption spectra were measured in transmission mode at the

HASYLAB/DESY C1 bending-magnet beamline in the temperature range from 6 K to

300 K. The XANES and EXAFS oscillations χ(k) were extracted and analyzed following

the conventional procedure [28] using the EDA software package [56] (for details see

Sec. 4.2).

6.1.2.1 XANES

The normalized to the absorption edge jump Ni K-edge XANES signals for microcrys-

talline and nanocrystalline nickel oxide are compared in Fig. 6.4. They are composed
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6. RESULTS AND DISCUSSION

of the low energy pre-edge peak A at ∼8335 eV, followed by the wide feature B at

∼8340 eV, the main maximum at ∼8347 eV, and the fine structure above it. The two

XANES signals are very close, except that the main maximum and the broad peak at

∼8400 eV have slightly higher intensity in c-NiO. The pre-edge region of the XANES

provides with the information on the local electronic structure at the absorbing Ni

atoms in the presence of the core-hole. In particular, the Ni K-edge absorption is

caused by the transition of a 1s electron of nickel from its core atomic state to a final

unoccupied state following to dipole (∆l = ±1) or quadrupole (∆l = 0,±2) selection

rules. Note that the final state is a relaxed excited state due to the presence of a 1s

core hole screened by the other electrons of nickel.

The interpretation of the Ni K-edge XANES in NiO has been a topic of extensive

studies in the past [119, 124, 131, 132, 133, 134, 135, 136]. The use of the multiple-

scattering approach allowed understanding the origin of main peaks to be due to the

scattering by atoms of the first ten coordination shells surrounding the absorber [131,

133]. The pre-edge peak A (Fig. 6.4) was assigned to the quadrupole 1s→3d transition

from the analysis of resonant x-ray magnetic scattering in [132]. Its quadrupole origin

was also supported by several theoretical calculations [119, 134, 135].

In the recent work [136], the DFT+U calculation scheme, i.e., the density-functional

theory (DFT) with the Hubbard-U correction obtained by linear response, within the

spin-polarized generalized gradient approximation (GGA) was applied to the analysis of

Ni K-edge in NiO. It was found that the pre-edge peak A consists of two contributions:

(i) a quadrupole part caused by the intrasite 1s(Ni)→3d(Ni) excitations lowered by

core-hole attraction, and (ii) a very small dipolar component due to the 3d(Ni)-2p(O)

hybridization between nearest Ni and O atoms [136]. At the same time, the next

feature B of dipolar origin (Fig. 6.4) has nonlocal nature, caused by hybridization

of on-site Ni empty 4p states with empty 3d states of the Ni atoms located in the

fourth coordination shell [136] and participating in the 180◦ Ni–O–Ni antiferromagnetic

interactions. Due to the nonlocal origin of the feature B, its position is insensitive to

the core-hole attraction and, thus, the A-to-B peak separation can be used to estimate

the value of the charge transfer gap in NiO [136]. The similarity of the XANES signals

in bulk c-NiO, nano-NiO, and TF3 (Fig. 6.4) suggests the closeness of their electronic

structures: in particular, one can conclude that no significant changes in the spin

ordering should occur in NiO upon a decrease of the particles size down to ∼6 nm.
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Figure 6.4: Upper panel: Experimental Ni K-edge XANES in c-NiO (solid lines), nano-

NiO (blue dashed lines) and TF3 (red dotted line) at 300 K. The position of the pre-edge

peak A (quadrupole transition to 3d(Ni)) and next feature B (dipole transition to hybrid

4p(Ni) and 3d(Ni4th shell)) are indicated by arrows. Lower panel: enlarged region of the

pre-edge peak A.
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6. RESULTS AND DISCUSSION

6.1.2.2 Conventional analysis of the EXAFS data

The low temperature (T = 10 K) experimental Ni K-edge EXAFS spectra χ(k)k2 and

their Fourier transforms (FT) for selected NiO samples are shown in Fig. 6.5. As one

can see, the obtained EXAFS data for all samples have good quality in a wide k-space

range up to 18 Å−1.

There is a noticeable difference between the EXAFS spectra of nano- and micro-

crystalline samples (Fig. 6.5). When comparing these spectra with the particle size

estimations from XRD data, one can see that the damping of the signal increases upon

decreasing of the particle size. Also one can notice the shift of the FT peak positions

starting from the second peak to the larger distances upon a decrease of the particle

size. This indicates clearly the lattice volume expansion in nanocrystalline NiO which

will be analyzed in details further.

At the same time, one can see that the shape of EXAFS spectra for all samples is

rather close. This means that there are no significant changes in the structure of NiO

nanoparticles compared with the bulk NiO reference sample.

The EXAFS spectra for all samples show significant temperature dependence (see,

for example, the case of nano-NiO in Fig. 6.6), suggesting that the thermal disorder

effects are important and are not masked by structural disorder.

A comparison of simulated Ni K-edge EXAFS spectra for c-NiO taking into ac-

count only single-scattering or all multiple-scattering (up to 8th order) contributions

is shown in Fig. 6.7. The two Fourier transforms of the EXAFS spectra differ at the

distances longer than ∼3.2 Å, i.e. above the second peak, thus confirming that the

single-scattering approximation is valid for the first two coordination shells of nickel

atoms [31, 32].

Based on this knowledge we have performed conventional analysis for the first two

coordination shells of nickel atoms [26, 27, 31, 32], by isolating them using the Fourier

filtering procedure in the R-space range of 0.7-3.2 Å and best fitted in the k-space

range of 2-17 Å−1 using the two-component Gaussian model [28] (see Sec. 3.2). The

scattering amplitude and phase shift functions for the Ni–O1 and Ni–Ni2 atom pairs,

used in the fits, were extracted from the low temperature (T = 6 K) experimental

data of c-NiO sample, assuming the crystallographic value of the lattice parameter

a0 = 4.1769 Å [137] and six nearest neighbors in the first coordination shell and twelve
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Figure 6.5: Low temperature (T = 10 K) Ni K-edge EXAFS spectra χ(k)k2 and their

Fourier transforms (FTs) for c-NiO, nano-NiO and TF3. There is noticeable signal damping

upon a decrease of the size of particles (going from c-NiO to nano-NiO and, next, to TF3).

Note also a small shift of the peak positions in FTs to larger distances upon a decrease of

the particle size.
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Figure 6.6: The Ni K-edge EXAFS spectra χ(k)k2 for nano-NiO at selected temperatures.

Thermal disorder is responsible for the oscillation damping at high-k values.
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Figure 6.7: Theoretical Ni K-edge EXAFS spectra for c-NiO calculated using all multiple-

scattering (MS) contributions and only single-scattering (SS) contributions. These calcu-

lations were performed without accounting for thermal damping (all MSRD parameters σ2

= 0) and setting S2
o
= 1. As one can see from the comparison of Fourier transforms, the

MS contributions are not present in the first and second coordination shells of Ni atoms.

50

5_results/figures/nanoNiOT.eps
5_results/figures/NiOFEFF8Gr.eps
5_results/figures/NiOFEFF8ftGr.eps
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Figure 6.8: Temperature dependence of the mean-square relative displacements (MSRD)

∆σ2 = σ2(T )−σ2(c-NiO, T = 6 K) for the first (Ni–O1) and second (Ni–Ni2) coordination

shells in c-NiO, nano-NiO and TF3 relative to the MSRD value in c-NiO at T = 6 K.

The Debye models are shown by lines. See text for the values of the characteristic Debye

temperatures.

in the second coordination shell of nickel. The obtained temperature dependencies of

the mean-square relative displacements (MSRDs) σ2 and interatomic distances R are

shown in Figs. 6.8 and 6.9, respectively. Note that thus determined MSRD values are

relative to the low temperature c-NiO data, i.e. ∆σ2(T ) = σ2(T )−σ2(c-NiO, T = 6 K).

The difference between temperature dependencies of the MSRDs (Fig. 6.8) for nano-

and microcrystalline NiO samples remains nearly constant in the whole range of tem-

peratures in both the first and second coordination shells. The constant difference

gives clear evidence of the static disorder in nanocrystalline NiO, which is induced by

a relaxation of its atomic structure. At the same time, the thermal disorder contribu-

tion σ2(T ) into the MSRD is close in all samples but differs for the first and second

coordination shells, as expected. It can be well approximated by the Debye model

[138, 139]

σ2D(T ) =
3~

M

∫ ωD

0
(ω/ω3

D) coth(~ω/(2kBT ))

[

1− sin(ωR0/νs)

(ωR0/νs)

]

dω (6.1)

where ~ is the Plank constant, M is the atomic mass, ωD = kBθD/~ is the characteristic

Debye (cutoff) frequency, kB is the Boltzmann constant, θD is the characteristic Debye
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Figure 6.9: Temperature dependence of the average interatomic distances in the first (Ni–

O1, labeled with full markers) and second (Ni–Ni2 labeled with open markers) coordination

shells of nickel in c-NiO (squares), nano-NiO (circles) and TF3 (triangles).

temperature, R0 is the equilibrium distance between the two atoms, and νs is the

sound velocity in the crystal. Note that the second term in square brackets describes

the correlation effects.

The obtained values of the characteristic Debye temperatures [26] are θD(Ni–O1)=680 K

and θD(Ni–Ni2)=425 K for c-NiO; θD(Ni–O1)=680 K and θD(Ni–Ni2)=415 K for nano-

NiO; and θD(Ni–O1)=600 K and θD(Ni–Ni2)=390 K for tf-NiO. These values are con-

sistent with those, θD(O)=719 K and θD(Ni)=366 K, derived in [140] from the bulk

thermal vibration amplitudes of nickel and oxygen atoms, obtained within the De-

bye model by high-resolution 120 keV He+ ion scattering at room temperature, and

also with the results of heat capacity measurements, θD(O)=900 K and θD(Ni)=425 K

([141]), θD(O)=762.5 K and θD(Ni)=515.9 K ([142]).

The average second shell distance R2(Ni–Ni2) in nanocrystalline samples is longer

by ∼0.008 Å in nano-NiO and by ∼0.015–0.018 Å in NiO thin films than that in micro-

crystalline c-NiO at all temperatures (see Table 6.1 and Fig. 6.9). Such temperature

dependence of the R2(Ni–Ni2) distance agrees well with a weak positive thermal ex-

pansion in NiO nanocrystals, which is nearly equivalent to that observed in bulk NiO

[115]. From R2(Ni–Ni2) distance we can calculate effective lattice constant for cubic
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6.1 Local structure of microcrystalline and nanosized NiO

Table 6.1: Values of the structural parameters for the first two coordination shells in mi-

crocrystalline NiO (c-NiO), NiO nanoparticles (nano-NiO) and NiO thin films (TF1, TF2,

TF3), obtained from the best-fit of the EXAFS signals within the Gaussian approxima-

tion. Ni is the coordination number, ∆Ri (±0.002 Å) is the interatomic distance relative

to c-NiO, ∆σ2
i
(±0.0003 Å2) is the MSRD relative to c-NiO, a0 is the lattice parameter

(a0 =
√
2R2), V is the unit cell volume calculated from a0 (V = a30), which allows to

estimate the particle size L(V ) according to Eq. 6.2. For reference c-NiO a0 is equal to

4.17693 Å and V0 = 72.874 Å3.

c-NiO nano-NiO TF1 TF2 TF3

Ni–O1

NO1 6.0 6.0 6.0 6.0 6.0

∆R1 (Å) 0.000 -0.007 -0.004 -0.009 -0.004

∆σ21 (Å2) 0.0000 0.0012 0.0028 0.0038 0.0045

Ni–Ni2

NNi2 12.0 11.1 9.9 9.6 9.2

∆R2 (Å) 0.000 0.008 0.015 0.016 0.018

∆σ22 (Å2) 0.0000 0.0008 0.0019 0.0032 0.0037

a0 (Å) 4.177 4.188 4.197 4.199 4.202

V (Å3) 72.87 73.48 73.95 74.06 74.21

L(V ) (nm) n/a 7.1 4.9 4.6 4.1

lattice a0 =
√
2R2 and corresponding unit cell volume V = a30. The obtained data

are in agreement with the overall unit cell volume expansion upon a decrease of NiO

nanocrystal size observed by diffraction [113, 114, 115, 116].

The dependence of the unit cell volume V on the size L of the nanoparticles can be

described by the empiric formula (see Fig. 6.1)

V = V0 +Ae−
L
B , (6.2)

where V0 corresponds to the unit cell volume of the bulk NiO (V0 = 72.874 Å3), and A

and B are two empirically determined constants (A = 3.9419 Å3 and B = 3.8009 nm).

It was used to estimate the size of the nanoparticles L (Table 6.1) from the R2(Ni–Ni2)

distances determined by EXAFS (Fig. 6.9). Thus obtained L values can be compared

with those determined using Scherrer’s method (see Table 6.3 below): they are close to

those found for nano-NiO, but are smaller than those for NiO thin films.
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Figure 6.10: Dependence of the average coordination number NNi2 in the second shell of

nickel on the cubic nanoparticle size (L = la0). The parameters for nanocrystalline samples

are indicated. The inset shows the relaxed nanoparticle model with l = 3 (3 × 3 × 3 unit

cells).
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6.1 Local structure of microcrystalline and nanosized NiO

We can calculate the average coordination number for the second shell of Ni atoms

for ideal cubic particles. This value approaches 12 (the value for the ideal infinite crys-

tal) for large particles and reduces upon a decrease of the nanoparticle size (Fig. 6.10).

The reason of this is the under-coordination of the nickel atoms at the surface. This

effect gives us another method to estimate the size of the nanoparticles from the coor-

dination numbers, so that the average size of the particles in our samples is: 5.4 nm for

nano-NiO, 2.5 nm for TF1, 2.1 nm for TF2, and 1.7 nm for TF3. Note that one should

be very careful when using coordination numbers for any conclusions, because they are

subject to systematic errors and other factors, including the presence of vacancies and

particle shape. However, in our case, they give good estimate and feeling about the

observed trend, which is in line with the results from XRD.

On the contrary to the second shell behavior, the average first shell R1(Ni–O1)

distance in all nanocrystalline samples is shorter compared with microcrystalline NiO

(Fig. 6.9, Table 6.1). This interesting result has been found by us [31, 32] in nanosized

NiO powder at room temperature and is confirmed in a wide temperature range for

differently prepared NiO nanocrystalline samples [26, 27]. This can be a result of

the non-uniform relaxation of the atomic structure (distances) in nanoparticles. One

obvious example is the interatomic distances on the surface. This phenomenon should

be studied in more details, by using advanced methods of EXAFS analysis.

6.1.2.3 Modeling of NiO crystal and ideal nanoparticles with MD-EXAFS

To reveal the fine details of the structure relaxation in NiO nanoparticles, we used a

more rigorous approach [26, 27, 31, 32], based on the MD-EXAFS method [23], which

is described in details in Section 4.4.

Crystalline NiO was modeled in the isothermal–isobaric ensemble (NPT) with con-

stant pressure and temperature using the supercell size 6×6×6 and 3D periodic bound-

ary conditions [26].

Nanosized nickel oxide particles were simulated in the canonical ensemble (NVT)

using cubic shape clusters L × L × L placed in a large empty box, which corresponds

to the free NiO particle in a vacuum [26]. They were generated from cubic rocksalt-type

unit cell having the symmetry Fm3̄m (space group 225) and containing 4 nickel and 4

oxygen atoms (Fig. 6.11). The cluster size was up to L = 40a0, where a0=4.1773 Å is

lattice parameter of c-NiO [57].
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Figure 6.11: Example of the single MD snapshot of a nanoparticle with the size l = 9

unit cells. Small red balls represent oxygen atoms, large gray balls represent nickel atoms.

Table 6.2: Force-field model parameters of the Buckingham potentials for the Ni–O and

O–O atom pairs used in the molecular dynamics simulations.

Pair of atoms A (eV) ρ (Å) C (eVÅ6)

Ni–O 754.92 0.3277 0.0

O–O 22764.3 0.1490 27.89

Our force-field (FF) potential model included two-body central force interactions

between atoms i and j described by a sum of the Buckingham and Coulomb potentials

Uij = Aij exp(−rij/ρij)−
Cij

r6ij
+
ZiZje

2

rij
. (6.3)

The Buckingham potential parameters A, ρ, and C are reported in Table 6.2.

They were taken from simulations of c-NiO [32, 143] using the formal charges of ions

(ZNi=+2.0 for nickel atoms and ZO=–2.0 for oxygen atoms) and reproduce well such

properties of bulk crystal as lattice constant, elastic constants, bulk modulus and static

dielectric constant [143].

The FF model developed for bulk NiO should be adopted to the case of nanoparti-
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Figure 6.12: Experimental Ni K-edge EXAFS spectra for microcrystalline NiO (c-NiO)

compared with the model spectra, obtained using MD-EXAFS procedure described in

Sec. 4.4 and the optimized value of the nickel ion charge ZNi=+2.015.
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Figure 6.13: Experimental Ni K-edge EXAFS spectra for nano-NiO compared with the

model spectra of the ideal nanoparticle (no vacancies) with ion charges used from the

bulk NiO model (ZNi=+2.0 and ZO=-2.0) and optimized ones (ZNi=+1.95 and ZO=-

1.95, obtained using MD-EXAFS procedure described in Sec. 4.4. The size of the model

nanoparticle is 6×6×6 unit cells.
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6.1 Local structure of microcrystalline and nanosized NiO

cles [31, 32]. In this study we selected the charge of nickel atoms ZNi as the optimization

parameter to minimize the residual between experimental and calculated EXAFS sig-

nals. All other Buckingham potential parameters were left unchanged. Such choice is

justified by the fact that the lattice dynamics of c-NiO and of nanocrystalline samples

is close at all studied temperatures (Fig. 6.8), and the difference in the static part of

the MSRDs is attributed to atomic structure relaxation. The charge of the oxygen

atoms ZO for the bulk and nanoparticles without defects is equal to -ZNi to maintain

electroneutrality of the system.

As the first application of the previously described MD-EXAFS procedure (Sec. 4.4)

we optimized FF parameters (in our case the ion charge of nickel) for experimental

EXAFS spectrum of microcrystalline NiO (c-NiO). The minimal value of the residual

for EXAFS spectrum was achieved with ZNi=+2.015 and corresponding ZO=-2.015

[26]. This is a small change compared to the initial values ±2.0, that gives us confidence

in selected procedure and our FF model (Fig. 6.12).

At the next step we have considered the model of defect-free cubic NiO nanoparticles

[31, 32].

As we have noted in [31], the force-field potential parameters cannot be directly

transferred from a crystal to nanoparticles, since they lead to the incorrect values of

the interatomic distances and to the incorrect relaxation, which can be clearly observed

in EXAFS signal as seen in Fig. 6.13. This is an interesting issue indicating that simple

force-field model is not fully transferable from bulk to nanoobjects. In the case of

NiO, if one uses the force-field parameters developed for the bulk NiO (c-NiO), the

interatomic distances in nanoparticle become smaller than in the bulk material, which

is controversial to the experimental results suggesting that the unit cell volume in the

nanoparticles expands upon decreasing of the size of nanoparticles [113, 114, 115, 116].

Therefore, one should be very careful, when using molecular dynamics and force-field

parameters from the bulk to predict the properties of the nano-sized objects.

Thus, additional optimization of the force-field parameters is required for nanopar-

ticles. To solve this issue, in our earlier works [31, 32] we have varied the ρ(Ni–O) and

ρ(O–O) parameters of the Buckingham potential (Eq. 6.3), which determine the posi-

tion of the potential minimum. However, the same result can be achieved by changing

the charge of ions. One should remember that in the force-field potential model the ion

charge is just another parameter to simulate the real interaction between atoms.

59



6. RESULTS AND DISCUSSION

Therefore, we have selected the charge of nickel atoms ZNi as the optimization

parameter to minimize the residual between the experimental and calculated EXAFS

signals [26, 27]. Note that such choice is more appropriate in the presence of defects

(nickel vacancies).

We have tested MD-EXAFS procedure for nanocrystalline NiO powder using as

a model ideal NiO nanoparticles (without vacancies) with sizes starting from 3×3×3

and up to 25×25×25 unit cells. As one can see, the results presented in Fig. 6.14

suggest that the residual between the experimental and calculated EXAFS signals has

a minimum for NiO nanocrystalline powder when the model nanoparticle has the size

of 8×8×8 unit cells, and another minimum for NiO thin film (TF1, sputtered in pure

oxygen atmosphere) when the model nanoparticle has the size of 5×5×5 unit cells.

This result gives us additional confidence in our MD-EXAFS procedure, allowing us to

select from a large set of possible nanoparticles a single solution which gives the best

agreement with the experimental EXAFS data.

This is nontrivial result, because if we use data only from the first two coordination

shells and limit our EXAFS calculations to the single-scattering approximation, then it

is impossible to determine a single solution giving the required R1 and R2 values. Only

including outer shells (up to 8th shell) and multiple-scattering paths (up to 8th order),

we were able to identify the single solution giving the best overall agreement with the

experimental EXAFS data and reproducing the expansion of the unit cell. However,

this solution failed to accurately reproduce the contraction of the first coordination

shell distance R1(Ni–O1). Therefore, an improved model of the nanoparticle has been

developed and will be described in the next section.

In the defect-free nanoparticles, the only source of the nearest bond Ni–O1 shorten-

ing is a relaxation at the nanoparticle surface. The influence of such relaxation on the

average Ni–O1 distance increases upon a decrease of the nanoparticle size, because of

an increase in the ratio between the number of atoms located at the surface relative to

their total number. At the same time, the most significant signal from the outer shells

comes from Ni–Ni pairs and chains, so including outer shells and multiple scattering

effects prevents from finding as a solution unrealistically small particle (like 3×3×3 unit

cells) in order to satisfy the required R1 and R2 values. So our MD-EXAFS method

even in the case of ideal nanoparticles finds a realistic solution which very well repre-
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Figure 6.14: The dependence of the residual between the experimental and MD-EXAFS

signals (see Sec. 4.4 for detailes of calculations) on the nanoparticle size equal to the

l× l× l unit cells. The results for the two series of simulations are shown: red squares are

for NiO nanocrystalline powder (nano-NiO) and blue triangles are for NiO thin film (TF1)

sputtered in pure oxygen atmosphere. In both cases, there is a clear minimum at l=8 for

nano-NiO and at l=5 for TF1.
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sents the structure of the real life average nanoparticle, except for the distance in the

first coordination shell of nickel R1(Ni–O1).

6.1.2.4 Modeling of NiO nanoparticles with nickel vacancies

Stoichiometric NiO has green color, and the black color is good indicator of defects in the

material. As it was shown by different experimental [88, 89, 91, 112, 113, 126, 144, 145]

and ab initio [146, 147] studies, the most dominant defects in this material responsible

for p-type conductivity are nickel vacancies. It is energetically preferable point defect

in NiO compared with oxygen vacancies and oxygen interstitial [146, 147].

All our nanocrystalline NiO samples have black color, that gives strong evidence

for the presence of the nickel vacancies. Therefore, they should be included into the

nanoparticle model to make it more realistic [26, 27].

Nickel vacancies were generated by randomly removing Ni atoms from the ideal

model particle, ensuring their homogeneous distribution [26]. Thus, each model particle

now is characterized by its size L and the number of nickel vacancies Nvac. Taking into

account that

NNi +Nvac = NO, (6.4)

the vacancy concentration Cvac can be calculated as

Cvac =
Nvac

NO
, (6.5)

where NNi and NO are the number of nickel and oxygen atoms, respectively.

The charge of oxygen atoms ZO was calculated to maintain electroneutrality of the

system, taking into account the Ni vacancies when present

ZO = −ZNi
NNi

NO
. (6.6)

Note that in our simple model all Ni ions regardless of their location have the same

charge (ZNi) and so do all oxygen ions (ZO).

To understand the influence of nickel vacancies on the structure of nanoparticles, we

first calculated the relaxation of the local atomic structure around the single vacancy

in the bulk of c-NiO (Fig. 6.15) [26]. This was done by calculating the average atomic

distances for a large set of atomic configurations, generated by the MD simulation. The

obtained results show that the six nearest oxygen atoms move away from the center of
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Figure 6.15: Schematic view of the nearest-neighbor relaxation around nickel vacancy

in the bulk of nickel oxide according to our molecular dynamics simulations. Note that

oxygen atoms move outwards, but nickel atoms move inwards to the nickel vacancy.

the vacancy by ≈0.2 Å, thus significantly decreasing the distance with the neighboring

Ni atoms. At the same time, twelve nearest Ni atoms move slightly towards the center

of the vacancy by ≈0.08 Å, thus increasing the distance between the nearest Ni atoms.

This relaxation is caused by short-range two-body central force interactions given

by Buckingham potential and by long-range Coulomb interactions. By removing Ni

atom one changes the balance of the electrostatic interactions, so it is expected that

oppositely charged nickel and oxygen ions move closer, whereas ions having the same

charge move apart from each other. This effect is strong in the first shell (Ni–O) and

becomes much weaker in the second shell, and practically vanishes in the next shells.

Such relaxation of atomic structure, induced by the presence of nickel vacancy, plays

significant role in the average structure relaxation, especially for the first coordination
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shell of nickel, as was found recently in [126]. The results of our simulations are in

excellent agreement with those from the recent ab initio calculations of the structure

relaxation around Ni vacancy [146, 147], which predict the relaxation of oxygen atoms

by about 0.17 Å outwards from the vacancy. This fact confirms the ability of our

simple force-field potential model to reproduce well structure relaxation around nickel

vacancies.

The structure relaxation within the whole nanoparticle shows a very complex pic-

ture. The influence of surface extends deep inside the nanoparticle volume, and, only

in the large enough nanoparticles having a size L >10 nm, one can find some inner

part, which is uniform and can be treated as the ”core”. This result provides a sup-

port for recently proposed core-shell model of large NiO nanoparticles having a size

of about 10-18 nm [130]. The structure relaxation influences several atomic layers up

to few nanometers below the surface, and also the shape of the initially cubic particle

becomes slightly rounded. Note that the relaxation depends also on the nickel atom

position at the surface, i.e., in the corner, at the edge or at the face. Adding more

vacancies makes this landscape even more complex. Therefore, we decided to model

nanoparticles as a whole, because it is hard to define any equivalent regions inside the

nanoparticle, especially for small nanoparticles with nickel vacancies.

We started simulations from a generation of desired NiO model nanoparticles, hav-

ing a cubic shape, a given size L and a number of randomly distributed Ni vacancies

with a given concentration Cvac. For each model nanoparticle we applied previously

described MD-EXAFS procedure to obtain configuration-averaged EXAFS signal.

The results of the first step obtained for a large set of nanoparticles are presented

in Fig. 6.16, which shows a value of the residual modulus |∆R(Ni–O1)| as a function of

the particle size L and of the Ni vacancies concentration Cvac. One can see that for any

size of model nanoparticle starting from L = 3 there exists a vacancy concentration

that gives for a single ZNi value both interatomic distances R(Ni–O1) and R(Ni–Ni2)

equal to those found by the conventional modeling procedure (Fig. 6.9). This result

gives a proof that information from the first two coordination shells is not enough to

unambiguously determine both size of and vacancy concentration in a nanoparticle.

Nevertheless, this first step allows us to restrict significantly the domain of possible

solutions. Therefore, it is crucial for the practical implementation, since the calculation
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Figure 6.16: The dependence of the residual modulus value |∆R(Ni–O1)| between the first

shell interatomic distances, obtained for cubic NiO nanoparticles by conventional analysis

method (Fig. 6.9) and from the MD simulation, on the nickel vacancy concentration Cvac

and on the nanoparticle size L=Na0 under imposed requirement that the second shell in-

teratomic distance R(Ni–Ni2) should coincide with the value, obtained by the conventional

modeling procedure (Fig. 6.9) within ±0.001 Å.

of the configuration-averaged EXAFS signal is very time consuming, especially in the

case of nanoparticles having many non-equivalent atom sites.

At the second step we considered only those model nanoparticles, which have the

average distance in the first R(Ni–O1) and second R(Ni–Ni2) coordination shells within

the desired accuracy (±0.005 Å or better in the present work) compared with the results

of the conventional EXAFS analysis (Sec. 6.1.2.2). The configuration-averaged EX-

AFS spectrum for each nanoparticle was calculated, taking into account the multiple-

scattering effects, and the sum of squares of the residuals between the experimental

and model EXAFS spectra was evaluated. A small variation of the Ni ions charge

ZNi by ±0.05 was also allowed to further minimize the residual value for each model

nanoparticle.

As a result, we found that there is a clear minimum in the dependence of the residual

on the particle size and vacancy concentration, which determines the sought model

nanoparticle. Thus, only comparison between the experimental and configuration-

65

5_results/figures/fig9.eps


6. RESULTS AND DISCUSSION

Table 6.3: The size L of the NiO nanoparticles, estimated from EXAFS and XRD data.

L = la0 where l is the number of unit cells and a0 is the lattice parameter. Cvac is the

concentration of nickel vacancies. L(NNi2) is the particle size estimated from conventional

EXAFS analysis using the Ni second shell coordination numbers and assuming cubic shape

of the nanoparticles (Fig. 6.10). L(V ) is the particle size estimated using Eq. 6.2 and the

second shell radius R2(Ni−Ni2). L(Scherrer) is the particle size estimated from XRD data

using Scherrer method.

nano-NiO TF1 TF2 TF3

Cvac (%) 0.4 1.0 1.4 1.6

l (unit cells) 9 6 5 4

L (nm) 3.6 2.3 1.9 1.5

L(NNi2) (nm) 5.4 2.5 2.1 1.7

L(V ) (nm) 7.1 4.9 4.6 4.1

L(Scherrer) (nm) 4.6-8.0 5-7 11-13 16-18

averaged EXAFS spectra, using the full potential of the multiple-scattering theory,

allowed us to select the best nanoparticle model, which also fulfills conditions of the

first step. The experimental and final theoretical EXAFS spectra are compared in

Fig. 6.17, showing good agreement in both k and R space for NiO nanocrystalline

powder and thin film samples.

The nanoparticle model, having the size L ≈ 3.6 nm and the vacancy concentration

Cvac = 0.4%, gives the best fit to the experimental EXAFS spectrum for the NiO

nanocrystalline powder sample (nano-NiO). The same procedure was applied to the

experimental data of NiO thin film samples.

The size of the model nanoparticles and the concentration of nickel vacancies for

all thin film samples are reported in Table 6.3. As one can see, these results correlate

well with those of the analysis for the first two shells by conventional EXAFS method

(see Fig. 6.10), suggesting that the average size of the nanoparticles decreases in the

series of our samples: nano-NiO (nanocrystalline powder), TF1 (Ar/O2 = 0/100), TF2

(Ar/O2 = 50/50), TF3 (Ar/O2 = 90/10). Note that the Ni vacancy concentration

increases with a decrease of the nanoparticle size.

It is also interesting to compare the difference between average size of nanoparticles

obtained by XRD (using Scherrer method) and EXAFS (from coordination number

NNi2 and MD-EXAFS methods). The two experimental techniques show qualitatively
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Figure 6.17: Comparison of the experimental (solid lines) and configuration-averaged

(dashed lines) Ni K-edge EXAFS spectra χ(k)k2 and their Fourier transforms (FTs) for

nano-NiO and TF3. The theoretical data correspond to the nanoparticle models which

give the best fit to the experimental spectra (nano-NiO: N=9 corresponding to L ≈3.6

nm, Cvac=0.4% corresponding to 12 vacancies, ZNi=+1.976, ZO=–1.968; tf-NiO: N=4

corresponding to L ≈1.5 nm, Cvac=1.6% corresponding to 4 vacancies, ZNi=+1.925, ZO=–

1.895).
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6. RESULTS AND DISCUSSION

similar trends, however Scherrer method gives systematically larger values for nanopar-

ticle size: from 6 nm in the film TF3 to 17 nm in the film TF1. This fact can be

explained by the presence of crystallite size distribution in the samples. The Bragg

peaks in the XRD patterns are significantly broadened upon decreasing crystallite size

and, thus, become masked by the noise for crystallites with a size smaller than 2 nm.

Therefore, the XRD signal is dominated by the contribution coming from the largest

crystallites present in the sample. On the contrary, EXAFS feels all absorbing nickel

atoms, regardless the state and size of the matter, so it provides the average over the

whole size distribution. For example, we can assume that in TF1 sample which is

sputtered in oxygen rich atmosphere, there the large crystallites start to grow. This

could create bimodal distribution of crystallites, most of them have small average size

(around 2 nm), but some portion (say less than 10%) have larger average size (say

about 17 nm). As they make less than 10% of overall mass of NiO, then in EXAFS

spectra their influence is very limited and overall signal is dominated by the signal from

the small crystallites, but the XRD pattern will be dominated only by large crystallites,

leading to wrong conclusion on the average crystallite size.

Finally, we will comment on the structural parameters, obtained by a decomposition

of the pair distribution functions from MD simulations into a set of Gaussian functions.

Their values for the first six coordination shells of nickel, reported in Table 6.4, show

clear evidence of the size reduction and structure relaxation effects. The reduction

of the nanoparticle size increases the ratio of atoms at the surface relative to that

in the bulk. As a result, a decrease of the average coordination numbers becomes

more pronounced in outer coordination shells of all nano-sized samples, as is evidenced

by the ratios CNna/CN for the nanopowder and CNtf/CN for the thin film. The

atomic structure relaxation appears as a peculiar change of interatomic distances R

and an increase of disorder, given by the MSRD σ2. Note that contrary to the ideal

nanoparticle models [31, 32], the presence of nickel vacancies in the nanoparticle models

allowed us to reproduce simultaneously a decrease of the average nearest-neighbor Ni–

O1 distance and an increase of the outer shell distances. The nickel vacancies along

with the nanoparticle surface relaxation contribute also into an increase of the MSRD

σ2 and small decrease of coordination numbers.

Comparing the results obtained from the MD-EXAFS modeling with those from the

conventional single-scattering analysis (see Table 6.5), a good agreement is observed

68



6.1 Local structure of microcrystalline and nanosized NiO

Table 6.4: Structural parameters (CN is the coordination number, R is the interatomic

distance, and σ2 is the MSRD) for the first six coordination shells in c-NiO, nano-NiO

and TF3, calculated by decomposition of the Ni–O and Ni–Ni pair distribution functions,

obtained at 300 K, into Gaussian components.

O1 Ni2 O3 Ni4 O5 Ni6

c-NiO

CN 6.0 12.0 8.0 6.0 24.0 24.0

R (Å) 2.093 2.961 3.627 4.188 4.682 5.129

σ2 (Å2) 0.0055 0.0044 0.0053 0.0058 0.0059 0.0059

nano-NiO

CNna 5.5 10.5 6.6 5.1 19.8 18.7

R (Å) 2.091 2.968 3.638 4.190 4.685 5.142

σ2 (Å2) 0.0072 0.0056 0.0072 0.0093 0.0092 0.0082

TF3

CNtf 5.1 8.6 5.1 4.1 15.4 12.9

R (Å) 2.091 2.981 3.666 4.193 4.699 5.170

σ2 (Å2) 0.0096 0.0083 0.0106 0.0128 0.0140 0.0121

CNna/CN 0.92 0.88 0.83 0.85 0.83 0.78

CNtf/CN 0.85 0.72 0.64 0.68 0.64 0.54

in the relative change of interatomic distances for the first two coordination shells of

nano-NiO and TF3 compared to c-NiO. Note that their absolute values cannot be ac-

curately compared directly, because in our conventional analysis we used experimental

amplitude and phase shift functions, which were extracted from the low temperature

Ni K-edge EXAFS spectrum of c-NiO assuming the crystallographic value of the lat-

tice parameter a0=4.176 Å. The same applies to the MSRDs, those absolute values

extracted using the conventional data analysis are influenced by a correlation between

the MSRD and coordination number parameters. In addition, the sample quality and

the EXAFS amplitude reduction factor (S2
0) will influence the absolute values as well

[20, 22]. Nevertheless, the results of the MD-EXAFS and conventional analysis for

both relative coordination numbers and relative MSRDs are in agreement and show

similar trends (Table 6.5). The observed differences are attributed mainly to the sim-
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6. RESULTS AND DISCUSSION

Table 6.5: Relative to c-NiO values of the structural parameters (CN is the coordination

number, R (±0.002 Å) is the interatomic distance, and σ2 (±0.0003 Å2) is the MSRD)

for the first two coordination shells in nano-NiO and TF3, obtained from the best-fit of

the EXAFS signals within the Gaussian approximation (Figs. 6.8 and 6.9) and from the

MD-EXAFS analysis (Table 6.4).

nano-NiO TF3

Gaussian MD-EXAFS Gaussian MD-EXAFS

Ni-O1

CN/CNc 1.0 0.92 1.0 0.85

∆R (Å) -0.006 -0.002 -0.004 -0.002

∆σ2 (Å2) 0.0032 0.0017 0.0061 0.0041

Ni–Ni2

CN/CNc 0.92 0.88 0.79 0.72

∆R (Å) 0.009 0.007 0.017 0.020

∆σ2 (Å2) 0.0035 0.0012 0.0068 0.0039

plicity of our MD model and to inaccuracies of the theoretical amplitude and phase

shift functions.

6.1.3 Conclusions

Based on the results of the EXAFS analysis for NiO samples we can withdraw several

conclusions.

1. The atomic structure in nanocrystalline NiO experiences strong relaxation and

lattice expansion upon a decrease of the nanoparticle size indicated by dependency

of the distance of the second coordination shell of nickel atoms (R2(Ni–Ni2)) from

the particle size.

2. At the same time, we observed controversial behavior of the distance in the first

coordination shell of nickel atoms (R1(Ni–O2)), which becomes smaller upon a

decrease of the particle size.

3. The contribution of thermal disorder to the mean-square relative displacements

(MSRD) in the first and second coordination shells of nickel in the nanopowder
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6.2 Microcrystalline and nanosized MeWO4

and thin films are close to that in the bulk nickel oxide, that suggests a similarity

of their lattice dynamics.

4. Upon a decrease of the particle size the contribution of static disorder to the

MSRD increases due to structure relaxation, caused by the lattice expansion and

the presence of nickel vacancies.

5. Average coordination numbers in the second coordination shell of nickel atoms

also decrease upon reduction of the size of the nanoparticles.

6. A method, combining classical molecular dynamics with ab initio multiple-scattering

EXAFS calculations (MD-EXAFS method), has been extended to the case of

nanoparticles. It allows us to account for the effect of the nanoparticle size,

atomic structure relaxation, thermal disorder and the presence of defects using

rather simple force-field model, based on the pair potentials and having a few

parameters. This model allows us to take into account all coordination shells of

the absorbing atom and multiple scattering effects in the EXAFS spectra.

7. The average Ni–O1 bond length in the first coordination shell of nickel atoms

contracts due to structure relaxation at the surface (especially, at corners and

edges of the particles) and around the nickel vacancies. MD-EXAFS analysis

showed that Ni vacancies play significant role in this structure relaxation. This

phenomenon cannot be revealed by XRD, and shows the particular value of the

X-ray absorption spectroscopy.

6.2 Microcrystalline and nanosized MeWO4

Tungstates (MeWO4, Me is a divalent metal as Mg, Ca, Sr, Ba, Co, Mn, Fe, Ni, Cu, Zn,

Cd and Pb) are extremely interesting materials for many practical applications, such

as scintillators [148, 149], catalysts [150, 151], gas sensors [152, 153], solid state Raman

lasers [154, 155], self activating phosphors [156], electrochromic devices [100, 157], and

phase change optical memories [158].

Majority of tungstates have either wolframite or scheelite structure [159]. Ions

Me2+ having small radius (<0.77 Å) lead mainly to wolframite-type structure, but

those having large radius (>0.99 Å) – to scheelite-type structure [159]. In this work we
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6. RESULTS AND DISCUSSION

will discuss four tungstates CoWO4, NiWO4, CuWO4 and ZnWO4, with a particular

attention devoted to CoWO4 and CuWO4.

Crystalline CoWO4, NiWO4 and ZnWO4 have monoclinic (P2/c) wolframite-type

structure built from distorted WO6 and MeO6 octahedra joined by edges into infinite

zigzag chains, consisting of octahedral units of the same type and running parallel to

c-axis [159, 160] (see Fig. 6.18). The WO6 octahedra distortion caused by second-order

Jahn-Teller (SOJT) effect [161] results in the splitting of the W–O distances into three

groups: two short (∼1.8 Å), two middle (∼1.9 Å) and two long (∼2.1 Å). As a result,

the MeO6 octahedra become also distorted.

Crystalline CuWO4 has close structure but lower triclinic (P 1̄) symmetry due to

the strong first-order Jahn-Teller (FOJT) distortion induced by Cu2+ 3d9 electronic

configuration [162, 163, 164, 165]. In this structure copper atoms are bound to four

oxygen atoms located in a square-like configuration at average distance 1.98 Å and to

other two oxygen atoms located at about 2.4 Å above and below the CuO4 square.

Strong axial distortion of the CuO6 octahedra results in more stronger distortion of the

WO6 octahedra [166].

So the two tungstates, CoWO4 and CuWO4, which we will consider in details, have

two distinct structure types: in CoWO4 the distortion of CoO6 octahedra is imposed by

SOJT effect in WO6 octahedra, whereas in CuWO4 much stronger distortion of CuO6

octahedra due to FOJT effect dominates and imposes additional structural changes of

WO6 octahedra.

X-ray absorption spectroscopy has been used to study MeWO4 for a while [163,

167, 168, 169, 170].

NiWO4 microcrystalline samples, amorphous powders and thin films were studied

in [169, 171] using W L1- and L3-edge and Ni K-edge X-ray absorption spectroscopy,

X-ray diffraction, atomic force microscope and Raman spectroscopy. The coordination

of tungsten atoms was described as WO6 octahedra with four short and two long W–O

bonds, and NiO6 octahedra was described as built up of four strongly bonded forming

square-like plane oxygen atoms and two weekly bonded oxygen atoms above and below

the plane [171]. The main conclusion was that there is strong difference in the Ni–O and

W–O interactions for thin film/amorphous powder and microcrystalline powder. The

Ni–O bonds are stronger in the bulk material and become weaker upon decreasing the

particle size, but a behaviour of the W–O bonds is opposite: upon decreasing the size
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6.2 Microcrystalline and nanosized MeWO4

Figure 6.18: Crystal structure of CoWO4. Red balls represent oxygen atoms, green balls

- tungsten atoms, and blue balls - cobalt atoms. Co and W atoms are surrounded by

six oxygen atoms, forming distorted octahedral coordination. Metal–oxygen octahedra of

one type share edges and form zig-zag chains along the c-axis. Metal–oxygen octahedra of

different type share single oxygen atom.
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6. RESULTS AND DISCUSSION

of the particles the W–O bonds become stronger and a distortion of WO6 octahedra

increases making tungsten coordination closer to the tetrahedral environment.

In [169] ZnWO4, NiWO4, and CaWO4 were studied using W L1- and L3-edge EX-

AFS and XANES. The XANES data analysis revealed that WO6 octahedra in NiWO4

have stronger distortion than in pure WO3. EXAFS data analysis was performed

by RDF reconstruction method. The obtained shape of the RDF for the first co-

ordination shell of tungsten atoms suggested strong distortion of WO6 octahedra in

these tungstates. The main conclusions coming from EXAFS data analysis are that in

ZnWO4 and NiWO4, having wolframite-type structure, WO6 octahedra are distorted

with four short (1.84 Å) and two long (2.13 Å) W–O distances, but W atom in CaWO4,

which has scheelite-type structure, has regular tetrahedral coordination with W–O dis-

tances about 1.79 Å.

Recent studies of ZnWO4 were performed using X-ray absorption spectroscopy,

Raman and photoluminescence spectroscopy, and ab initio quantum chemistry calcu-

lations in [94, 172, 173, 174]. A strong variation of the Raman scattering band at

900-950 cm−1, corresponding to the stretching W–O frequency, was observed in zinc

tungstate powders upon particle size reduction [172]. It was found that the photolu-

minescence band at 2.5 eV, attributed to electronic transitions of the charge transfer

type between oxygen and tungstate states in the WO6 groups, shifts to longer wave-

lengths, comparing to single crystal, in powders upon annealing at temperatures below

450◦C, whereas the band position for ZnWO4 powders annealed at higher temperatures

is identical to that in single crystal [172]. Ab initio calculations revealed that W–O

chemical bonding is significantly covalent due to the electron density transfer to oxygen

atoms, whereas zinc atoms show more ionic behavior, and the main contribution to the

valence band is largely due to O 2p states, whereas the bottom of conduction band

is dominated by W 5d states [173]. X-ray absorption spectroscopy studies of ZnWO4

microcrystalline and nanocrystalline powders using Zn K-edge and W L3-edge revealed

that EXAFS signals for nanoparticles show weak temperature dependence and do not

contain high-frequency contributions indicating the absence of long-range order [94].

RDF reconstruction unveiled three groups of W–O bonds (2×1.79 Å, 2×1.91 Å, and

2×2.13 Å) and three groups of Zn–O bonds (2×2.03 Å, 2×2.09 Å, and 2×2.23 Å) for

microcrystalline ZnWO4, whereas in nanoparticles RDF is broadened, only the first
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Figure 6.19: X-ray diffraction (XRD) patterns of microcrystaline and nanoscale CuWO4

and CoWO4.

coordination shell is well defined but slightly shifted to the shorter distances, indicat-

ing that both tungsten and zinc make stronger bonds with the nearest oxygen atoms

while remaining oxygen atoms become weakly bound [94]. The RDFs for nanoparticles

of ZnWO4 show minor changes with temperature, which is a clear sign that the static

disorder is masking the thermal one [94].

In this study we have explored a size-induced relaxation of the local structure

in CoWO4 and CuWO4 by extended x-ray absorption fine structure (EXAFS) spec-

troscopy, x-ray powder diffraction and micro-Raman spectroscopy, extending recent

results of our laboratory for nanosized NiWO4 [171] and ZnWO4 [94, 172, 174], thus,

allowing us to elucidate in more details the effect of size, temperature and transition

metal type.

6.2.1 X-ray diffraction

The X-ray diffraction (XRD) patterns of CuWO4 and CoWO4 are shown in Fig. 6.19.

The XRD patterns for as-prepared tungstates have strongly broadened Bragg peaks,

thus indicating their nanocrystalline structure. The powders become microcrystalline

upon annealing in air at 800◦C [172], transforming into respective wolframite-type phase

with monoclinic (CoWO4 [175], NiWO4 [176], ZnWO4 [177, 178]) or triclinic (CuWO4

[179]) symmetry.
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Figure 6.20: Left panel: Raman scattering spectra of microcrystaline and nanocrystaline

MeWO4 (Me = Co, Ni, Cu, Zn) powders. The position of the main band at 955 cm−1 in

nanosized tungstates is indicated by dashed vertical line. Measurements were performed at

20◦C. Right panel: the dependence of the main Raman band for microcrystaline MeWO4

from the type of the Me atom.

6.2.2 Raman scattering spectroscopy

The Raman scattering spectra of microcrystaline tungstates are shown in Fig. 6.20.

Since they have two formula units per primitive cell, the group theory analysis predicts

36 lattice modes, of which 18 even vibrations are Raman active [162, 180, 181, 182].

Only 12 of them can be observed in the frequency range reported in Fig. 6.20. The

position of the most intense band, located at 882-905 cm−1 and corresponding to the

symmetric Ag vibration of the short W–O bond, shifts systematically to higher fre-

quencies upon transition from CoWO4 to ZnWO4 (see Fig. 6.20).

The Raman scattering spectra of nanoparticles differ significantly from that in mi-

crocrystalline powders. They are dominated by one broad band, located at ∼955 cm−1

(see Fig. 6.20). Higher Raman frequency of the Ag vibration of the short W–O bond

is an indication of the stronger W–O bonding [183].

One should note that a care should be taken when measuring the Raman scattering

from tungstate nanoparticles, since they can be easily crystallized under excessive laser

irradiation.
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6.2 Microcrystalline and nanosized MeWO4

6.2.3 X-ray absorption spectroscopy

Experimental W L3-edge and Co(Cu) K-edge EXAFS spectra χ(k)k2 and their Fourier

transforms (FTs) measured at T = 300 K for CoWO4 and CuWO4 are shown in

Fig. 6.21.

The amplitude of all peaks in FTs, especially beyond the first one, is strongly

reduced in nanopowders, as expected. The effect is more pronounced at the W L3-

edge, indicating stronger relaxation of tungsten environment. There is no local order

beyond 7 Å in MeWO4 nanoparticles.

A comparison of the W L3-edge and Cu K-edge EXAFS spectra (Fig. 6.22) obtained

at 10 K and 300 K in CuWO4 suggests that the effect of thermal disorder is relatively

small, especially in the first coordination shell.

In this study we have analysed only the first coordination shell, which contains only

single-scattering contributions, singled out by the back-FT procedure in the range of

≃0.8-2.2 Å.

To extract structural information, the first shell EXAFS contributions χ(k)k2 were

best-fitted using a model-independent approach [60, 61] allowing the reconstruction of

the true radial distribution function (RDF) G(R) (see Sections 3.4 and 4.2), in this case

corresponding to the distribution of oxygen atoms within metal–oxygen octahedra.

The scattering amplitude Fi(k,Ri) and phase shift φi(k,Ri) functions for metal–

oxygen atom pairs were calculated by ab initio multiple-scattering code FEFF8 [50]

using the complex exchange-correlation Hedin-Lundqvist potential. The calculations

were performed based on the crystallographic structure of tungstates (CoWO4 [175],

NiWO4 [176], CuWO4 [179] and ZnWO4 [177, 178]), considering a cluster of 8 Å size

around the absorbing metal atom. Calculations of the cluster potentials were done in

the muffin-tin (MT) self-consistent-field approximation using default values of MT radii

as provided within the FEFF8 code [50]. The obtained RDFs are shown in Fig. 6.23.

A comparison of the reconstructed RDFs (Fig. 6.23) obtained at 10 K and 300 K in

CuWO4 suggests that the effect of thermal disorder leads to some peak broadening and

is relatively small, in particular, in nanopowders where static relaxation dominates.

Both RDFs GW−O(R) and GMe−O(R) (Me = Co, Ni, Cu, Zn) for microcrystalline

tungstates agree well with their crystallographic structure.
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Figure 6.21: The experimental W L3 and Co(Cu) K edge EXAFS spectra χ(k)k2 and

their Fourier transforms for microcrystalline and nanocrystaline CoWO4 and CuWO4 at

T = 300 K. Both modulus and imaginary parts of FTs are shown. Note that the positions

of the FT peaks in Fig. 6.21 are shifted from their true crystallographic values because the

FTs were calculated without phase-shift corrections.
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Figure 6.22: The experimental W L3 and Co(Cu) K edge EXAFS spectra χ(k)k2 and

their Fourier transforms for microcrystalline and nanocrystaline CuWO4 at T = 10 K and

300 K. The range of the first coordination shell is indicated by arrows in FTs.
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Figure 6.23: The reconstructed RDFs G(R) for the first coordination shell of tungsten

and transition metals in microcrystalline (solid lines) and nanocrystaline (dashed lines)

MeWO4 (Me = Co, Ni, Cu, Zn). The data for NiWO4 and ZnWO4 are taken from

[94, 184].

In CoWO4 and NiWO4 the six oxygen atoms of MeO6 octahedra contribute into

one broad peak, centered at ∼2.08 Å in the RDF GCo−O(R) and at ∼2.05 Å in the

RDF GNi−O(R), but the six oxygens of the WO6 octahedra are divided into two groups

of four (at ∼1.83 Å) and two (at ∼2.15 Å) atoms [175, 176].

In microcrystalline CuWO4 [179] the RDF GCu−O(R) of CuO6 octahedra is split into

two peaks, composed of four and two oxygen atoms. At the same time, the distortion

of WO6 octahedra is the strongest one among all four tungstates: six oxygen atoms are

divided into 3 groups of three (at ∼1.81 Å), two (at ∼2.02 Å) and one (at ∼2.20 Å)

atoms.

The distortion of metal–oxygen octahedra in microcrystalline ZnWO4 [177, 178] is

stronger than in CoWO4 and NiWO4, but weaker than in CuWO4. The oxygen atoms

in both ZnO6 and WO6 octahedra are divided into three groups of two oxygen atoms
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6.2 Microcrystalline and nanosized MeWO4

each. The group of nearest four oxygens is responsible for a single peak at ∼2.02 Å in

the RDF GZn−O(R), whereas remaining two oxygens give rise to the peak at ∼2.25 Å.

In the case of the RDF GW−O(R), the three groups of oxygen atoms are well resolved

and contribute into the three peaks at ∼1.80 Å, ∼1.95 Å and ∼2.14 Å, respectively.

In nanocrystaline tungstates, the RDFs GMe−O(R) are more broadened. Besides,

the distortion of ZnO6 octahedra becomes stronger in nano-ZnWO4, leading to further

separation of nearest four and distant two oxygen atoms. The modification of the

RDFs GW−O(R) is more dramatic. The distortion of WO6 octahedra increases in

all tungstates in such a way that the nearest four oxygen atoms move slightly closer,

whereas the distant two oxygens move away. This effect is most evident in the RDFs

GW−O(R) for nanosized NiWO4, CoWO4 and ZnWO4.

6.2.4 Discussion

The strongly broadened Bragg peaks in XRD patterns (Fig. 6.19) of as-prepared tungstates

support their nanocrystalline structure. Taking into account nanoparticles stoichiom-

etry, the size of metal–oxygen octahedra (∼4 Å) and their connectivity in crystalline

tungstates, one can conclude that nanoparticles are built up of just a few tens of metal–

oxygen octahedra.

Chemical bonding in microcrystalline tungstates can be successfully probed by Ra-

man spectroscopy, providing an access to the half of vibrational modes (Fig. 6.20). An

increase of the stretching W–O frequency from 882 cm−1 in CoWO4 to 905 cm−1 in

ZnWO4 indicates some strengthening of tungsten–oxygen bonds [183], which compete

with the Me–O bonding. Note that the corresponding W–O bond lengths are almost

the same (∼1.79 Å) in the four tungstates [175, 176, 177, 178, 179].

Nanocrystalline tungstates are much weaker Raman scatterers (Fig. 6.20): the only

visible broad band at ∼955 cm−1 was attributed previously to the double tungsten-

oxygen W=O bonds at the nanoparticle surface [172]. The band has a single-peak

shape in CoWO4, NiWO4 and ZnWO4, but has more complex structure in CuWO4,

suggesting the presence of slightly inequivalent non-bridging W=O bonds. A well

known correlation [183] between the force constant (or stretching frequency) and the

length of the W–O bond suggests the W=O bond length of about 1.7 Å.

In fact, the existence of short tungsten–oxygen bonds in nanopowders is clearly

visible in the RDFs GW−O(R) (Fig. 6.23). In general, the WO6 octahedra distortion
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originates from strong electron–lattice coupling, which leads to the second-order Jahn–

Teller (SOJT) effect due to a covalent interaction of empty 5d orbitals in W6+ ions

with filled 2p orbitals in the oxygen atoms [185]. An additional contribution into the

WO6 octahedron deformation comes from competing interaction of oxygens with the 3d

orbitals in transition metal ions. It manifests most strongly in CuWO4, where the axial

distortion of CuO6 octahedra is stabilized by the first-order Jahn–Teller (FOJT) effect

caused by the 3d9 electron configuration of Cu2+ ions [162, 163, 164, 165]. As a result,

the RDFs GCu−O(R) have close shape in both microcrystalline and nanocrystalline

powders, and the difference between the RDFs GW−O(R) is caused mainly by peak

broadening.

In CoWO4, NiWO4 and ZnWO4, the bonding between Me 3d and oxygen ions is

less rigid, so that their local environment is able to relax in nanopowders, giving more

freedom to tungsten ions to adapt themselves. Therefore, tungsten ions are able to

attract four nearest oxygens, thus enhancing the distortion of WO6 octahedra.

6.2.5 Conclusions

Summarizing the results of the Raman spectroscopy and EXAFS analysis for MeWO4

samples, we can withdraw the following conclusions.

1. Temperature effect on the atomic structure dynamics is well pronounced for mi-

crocrystalline MeWO4, but is masked in nanocrystalline samples by static disor-

der.

2. The analysis of the W L3-edge and Me (Me = Co, Ni, Cu, Zn) K-edge EXAFS

spectra by the regularization-like method (RDF reconstruction) has allowed us to

reliably determine a distortion of WO6 and MeO6 octahedra in microscrystalline

and nanosized tungstates.

3. The distortion of metal–oxygen octahedra is caused by the electron–lattice cou-

pling, which depends on the electronic structure of Me2+ and W6+ ions.

4. Structure relaxation upon particles size reduction is the largest in WO6 octahedra.

5. The surface of the nanoparticles is probable place for a formation of the double

tungsten–oxygen bonds, being responsible for the broad band at ∼955 cm−1 in

Raman scattering spectra.
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6.3 Microcrystalline and nanosized PbS

The obtained information on the structure relaxation in nanosized tungstates is

relevant for understanding and tuning of their functional properties [94, 186, 187].

6.3 Microcrystalline and nanosized PbS

6.3.1 X-ray absorption spectroscopy

Lead sulfide (PbS) is an IV-VI semiconductor, having cubic sodium chloride type struc-

ture (space group Fm3̄m, lattice constant a0 = 5.936 Å [188]) and rather small bandgap

(Eg = 0.42 eV at T = 300 K [189]), which is very suitable for infrared detection ap-

plications. Optical properties of PbS nanocrystals strongly depend on their size and

shape, and the quantum confinement effect leads to an increase of effective band gap Eg

to values beyond 1 eV. Therefore, nanosized PbS is a promising material for harvesting

visible and infrared radiation and other opto-electronic applications [190].
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Figure 6.24: Optical absorption spectrum of nano-PbS. The energy of the first exciton

peak is about 1.63 eV.

To our knowledge, there is limited number of X-ray absorption spectroscopy (XAS)

studies of local structure in crystalline PbS [191, 192, 193] and no such studies for

nanosized PbS. Therefore, we have performed the Pb L3-edge XAS study of local en-

vironment both in microcrystalline and nanocrystalline PbS with the goal to estimate
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Figure 6.25: Size dependence of the exciton energy on the diameter of nanosized PbS

according to [195]. Arrows indicate the position of the exciton peak and the corresponding

size for our nano-PbS sample.

the relaxation of the local atomic structure around lead atoms due to a reduction of

particles size.

Optical absorption spectra (Fig. 6.24) of our nanocrystalline PbS show well defined

excitonic peak centered at about 1.63 eV (760 nm). There are well known relations

linking particle size with optical band gap Eg [194] and position of the excitonic peak

[195]. Using this relationship shown in Fig. 6.25 we estimated the average size of

nanoparticles in nano-PbS to be about 3 nm.

The extended X-ray absorption fine structures (EXAFS) at the Pb L3-edge were

extracted and analyzed using the standard procedure described in [28] and the ”EDA”

software package [56]. The experimental Pb L3-edge EXAFS spectra and their Fourier

transforms for c-PbS and nano-PbS at T = 300 K are shown in Fig. 6.26. As one can

see, there is strong structure relaxation in nanosized PbS, observed as a small phase

shift of the EXAFS signal and a change in the peak positions and amplitudes in FT.

The phase shift of the EXAFS signal is well noticeable at k > 5 Å−1 and indicates

changes in interatomic distances of nano-PbS compared with c-PbS. In the Fourier

84

5_results/figures/PbSQD.eps


6.3 Microcrystalline and nanosized PbS

0 2 4 6 8 10 12 14 16
-0.6

-0.4

-0.2

0.0

0.2

0.4

0.6
 c-PbS
 nano-PbS

 

 

EX
AF

S 
(k

)k
2  (Å

-2
)

Wavenumber k (Å-1)

0 2 4 6 8
0.0

0.1

0.2

0.3

0.4

Pb-Pb4 and MS

Pb-S3 and MS

Pb-Pb2

 c-PbS
 nano-PbS

 

 

FT
 

(k
)k

2  (Å
-3
)

Distance R (Å)

Pb-S1

Figure 6.26: The experimental Pb L3-edge EXAFS spectra χ(k)k2 and their Fourier

transforms (FTs) for c-PbS and nano-PbS at T = 300 K.

85

5_results/figures/exafsPbS.eps
5_results/figures/FTexafsPbS.eps


6. RESULTS AND DISCUSSION

Table 6.6: Structural parameters (N is the coordination number (±0.5), R is the in-

teratomic distance (±0.01 Å), and σ2 is the mean-square relative displacement (MSRD)

(±0.001 Å2)) for the first two coordination shells in c-PbS and nano-PbS at T = 300 K, cal-

culated by decomposition of the Pb–S and Pb–Pb pair distribution functions into Gaussian

components.

S1 Pb2 S1 Pb2

c-PbS nano-PbS

N 6.0 12.0 3.2 7.9

R (Å) 2.95 4.22 2.93 4.23

σ2 (Å2) 0.017 0.020 0.021 0.028

transforms of the EXAFS spectra we can clearly recognize several peaks. The first

peak in FT at 2.4 Å is the most pronounced and is due to the single-scattering signal

from sulphur atoms in the first coordination shell of lead atoms (Pb–S1). The signal

from the second coordination shell (Pb–Pb2) is split into two peaks with the maxima at

3.5 Å and 4.2 Å. Further peaks in the Fourier transforms have very strong influence of

the multiple-scattering (MS) signals, which are mixed with the next coordination shells

of lead atoms (Pb–S3 and Pb–Pb4). Therefore, the analysis of the first two coordination

shells of Pb can be performed within the single-scattering approximation.

In the standard analysis [28], the contribution to the total EXAFS signal from the

first two coordination shells (Pb–S1 and Pb–Pb2) was first isolated by the Fourier filter-

ing procedure in the R-space range of 1.53–4.90 Å. Next, the two-component Gaussian

model within the single-scattering approximation was used to best-fit the obtained

EXAFS signal in the k-space range of 1.5–15 Å−1 (Fig. 6.27). To perform EXAFS

calculations, one requires the knowledge of the scattering amplitude and phase shift

functions for the Pb–S and Pb–Pb atom pairs, which were calculated by the ab initio

FEFF8 code [50]. The calculations were performed for the cluster of 8 Å size, centered

at absorbing lead atom and having the cubic PbS structure. The inelastic losses were

taken into account using the complex exchange-correlation Hedin-Lundqvist potential

[22]. The obtained structural parameters, such as the interatomic distances (R) and

the mean-square relative displacements (MSRDs) (σ2), are reported in Table 6.6.

These results reveal the noticeable structure relaxation in nano-PbS. The aver-

age distance in nano-PbS between the nearest neighbors (Pb–S1) becomes smaller by
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Figure 6.27: Experimental (empty circles) and best fitted Pb L3-edge EXAFS spectra for

the first two coordination shells of Pb. Solid line represents signal from RDF reconstruction

and dashed line represents signal using Gaussian approximation.
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6. RESULTS AND DISCUSSION

−0.02 Å and the distance between next neighbors (Pb–Pb2) increases by +0.01 Å

compared with c-PbS. At the same time, we can see significant increase of the mean-

square relative displacement (MSRD) values for both coordination shells in nano-PbS

compared with c-PbS.

In order to check these results we performed the radial distribution function (RDF)

reconstruction, using the method described in Sec. 3.4, without an assumption of any

model or shape for the RDF G(R).

RDF reconstruction was done using the same theoretical amplitudes and phases

for Pb–S and Pb–Pb atom pairs as those obtained by FEFF8 [50] and used in the

standard fitting procedure (Fig. 6.27). As a result, non-Gaussian form of RDFs has

been revealed in both c-PbS and nano-PbS (Fig. 6.28). The RDF asymmetry is caused

by lone pair 6s2 electrons, which are responsible for high polarizability of Pb ions and

anharmonic Pb–S interatomic potential. In Fig. 6.28 one can also see a comparison of

the reconstructed RDFs with those obtained within the Gaussian approximation. RDF

reconstruction confirms the structure relaxation in nano-PbS sample, where the aver-

age Pb–S1 distance decreases, whereas the average Pb–Pb2 distance slightly increases

compared with c-PbS. This effect is similar to that in metal oxides.

6.3.2 Conclusions

Summarizing the results for lead sulfide, we can withdraw the following conclusions.

1. The Pb–S and Pb–Pb bonds in microcrystalline c-PbS and nanosized nano-PbS

are largely anharmonic that results in asymmetric shape of peaks in the RDFs.

2. The reduction of PbS nanoparticles size down to ∼3 nm influences significantly

the Pb L3-edge EXAFS spectrum due to an increase in the number of atoms

located at the surface relative to that in the bulk of the nanoparticles.

3. A pronounced relaxation of the atomic structure in PbS nanoparticles has been

clearly detected. It is responsible for an increase of the static disorder reflected

by the mean-square relative displacement (MSRD) parameters and for a change

of interatomic distances in the first and second coordination shells of lead atoms.
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Conclusions

In this thesis we have employed the extended X-ray absorption fine structure (EXAFS)

method to study experimentally and using complex modeling approach the phenomenon

of atomic structure relaxation upon a decrease of the size of particles down to nanoscale

in nickel oxide (NiO), tungstates (MeWO4, Me = Co, Cu) and lead sulfide (PbS).

A recently developed complex modeling approach [23, 24], combining ab initio EX-

AFS calculations [22, 25] with classical molecular dynamics (MD), further referenced

as MD-EXAFS, has been adopted to nanomaterials [26, 27]. The advantage of the MD-

EXAFS method is a significant reduction of a number of free model parameters, which

are required to describe the structure and dynamics of nanoobjects [23, 26]. The only

parameters we need are related to the geometry of the nanoobject and to the force-

field model used in the molecular dynamics simulations. All interatomic distances,

bond angles, thermal and static disorder effects are obtained from MD simulations by

calculating configuration averages from snapshots of instant atomic positions.

Here we have used the MD-EXAFS method to reconstruct the structure of nanocrys-

talline NiO from experimental Ni K-edge EXAFS spectra taking into account the pres-

ence of defects, thermal disorder and structure relaxation in nanoparticles [26, 27]. It

was found that there is noticeable structure relaxation in nanocrystalline NiO, which

results in an expansion of the Ni–Ni distances in the second coordination shell of nickel

atoms and in a contraction of the nearest neighbour Ni–O bonds as well as in an increase

of the static disorder, evidenced by the mean-square relative displacement (MSRD) pa-

rameter. At the same time, the lattice dynamics, also probed by the MSRD, is close

in both micro- and nanocrystaline NiO in the temperature range from 10 to 300 K.
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It was shown using the MD-EXAFS method that the structure relaxation inside NiO

nanoparticles is due to the presence of Ni vacancies [26, 27].

The MD-EXAFS method, based on classical MD and rather simply pair atomic

potentials, is not applicable to the materials, whose structure is strongly influenced

by the electronic or quantum effects. Therefore, we have employed more conventional

analysis scheme to nanocrystaline tungstates and lead sulfide.

The study of the local atomic structure of tungsten and divalent metal atoms in

nanocrystalline MeWO4 (Me = Co, Cu) has been performed using the W L3-edge and

Me K-edge EXAFS and Raman spectroscopy. It was found that atomic structure of

MeWO4 relaxes compared with microcrystalline phase, leading to large and particular

distortion of the WO6 octahedra. In nanoparticles tungsten atoms have stronger and

shorter bonds with the nearest four oxygen atoms, whereas other two oxygens become

weakly bound. This result contradicts to the general rule stating that the lattice of

nanoparticles gets distorted in such a way that the crystal symmetry tends to increase

(size-induced reduction in an asymmetry parameter) [10]. In tungstates we can see

that the asymmetry parameter (distortion of the octahedra) increases upon decreasing

the size of the particles. It is also shown that the relaxation is affected by the Me2+

ion type.

Finally, our Pb L3-edge EXAFS results indicate strong structure relaxation in nano-

sized lead sulfide (PbS) compared to microcrystalline PbS. The analysis of radial dis-

tribution functions (RDF) for Pb–S and Pb–Pb atom pairs revealed that they have

non-Gaussian shape, indicating strong anharmonic Pb–S interaction. We found that

the average Pb–S distance in the first coordination shell of lead atoms decreases, but

the average Pb–Pb distance in the second coordination shell increases. This effect is

similar to that found in NiO.

To conclude, we have demonstrated that x-ray absorption spectroscopy is a suitable

tool for the investigation of structure relaxation phenomena in nanosized materials.

Moreover, when combined with advanced simulation methods, the technique allows

one to obtain additional original information (for example, concentration of vacancies)

not accessible within conventional data analysis procedure.
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Main theses

1. A method, combining classical molecular dynamics simulations with ab initio

multiple-scattering EXAFS calculations (MD-EXAFS method), has been extended

to the case of nanoparticles. It allows one to account for the effect of nanoparti-

cle size, atomic structure relaxation, thermal disorder and the presence of defects

using rather simple force-field model, based on the pair interatomic potentials

with a few free parameters. Such approach allows straightforward incorporation

of disorder effects into the multiple-scattering formalism and, thus, to perform

the analysis of EXAFS spectra beyond the first coordination shell.

2. In nanosized NiO (in powders and thin films) there is noticeable structure relax-

ation, which results in an expansion of the Ni–Ni2 bonds and a contraction of the

Ni–O1 bonds as well as an increase of the static disorder probed by the mean-

square relative displacement (MSRD). At the same time, the lattice dynamics,

also probed by the MSRD, is close in both microcrystaline and nanosized NiO

in the temperature range from 10 to 300 K. It was shown using the MD-EXAFS

method that the main source of the structure relaxation inside NiO nanoparticles

is the presence of Ni vacancies.

3. The atomic structure of nanosized MeWO4 (Me = Co, Cu) relaxes compared with

microcrystalline phase, leading to a large and particular distortion of the WO6

octahedra. Tungsten atoms make stronger and shorter bonds with nearest four

oxygen atoms, whereas other two oxygens remain weakly coordinated to tungsten.

It is also shown that the relaxation is affected by the Me2+ ion type.
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